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Abstract
Oxygen defects are essential building blocks for properties and functionalities of oxides,
including electrical conductivity, magnetism, ferroelectricity as well as catalytic and
electrocatalytic activity. Therefore, fundamental understanding of how to tune the oxygen
defect chemistry is essential for advancing applications based on these defect sensitive
properties. This thesis investigated pathways to controlling the concentration and structure
of oxygen defects on selected case studies with model oxide systems. Three novel effects
were assessed and shown to be operative for obtaining a large impact on the oxygen defect
chemistry equilibria. These are heterogeneous chemical doping of the surface for
improving surface electrocatalytic activity and stability, electrochemical bias to control
phase with drastic changes obtained in electronic and phonon transport properties, as well
as strain engineering to alter the oxygen interstitial capacity and oxygen exchange kinetics.
Surface chemical modifications were applied to the near-surface regions of Lao.8Sro.2CoO 3
(LSC) by replacing the Co cations locally with less reducible cations, such as Hf and Ti.
This strategy was shown to effectively stabilize the LSC surfaces and suppress surface
segregation of Sr at elevated temperatures. This introduced surface stability by local
chemical doping greatly enhanced the long-term electrochemical performance of LSC
electrode, which provides a new route for improving the efficiency of solid oxide fuel and
electrolysis cells.
Applying electrical bias was investigated as another effective method to tune the oxygen
stoichiometry, exemplified by the case studies on SrCoOx (SCO). In situ X-ray diffraction
was used to investigate the topotactic phase transition between brownmillerite phase
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SrCoO2.5 (BM-SCO) and perovskite phase SrCoO 3 6 (P-SCO) triggered electrochemically
at elevated temperatures. An electrical bias of merely 30 mV was shown sufficient to
trigger the BM-P phase transition. This is much more feasible than chemically induced
phase transition, which requires high pressure (> 1 bar) and specialized pressurized
apparatus. Moreover, the evolution of electronic structure during the BM4P phase
transition was probed in operando by using ambient-pressure X-ray photoelectron and
absorption spectroscopy (AP-XPS/XAS).
The similar experimental scheme, which combines in operando surface characterizations
and electrochemical controlling of oxygen stoichiometry, was extended to oxide systems
beyond perovskites. This allows us to investigate the defect chemistry of oxides in a much
broader range of effective oxygen partial pressure than what conventional methods can
achieve. Firstly, we showed that the surface defect chemistry equilibrium of fluorite-
structured Pro.iCeo.902-6 (PCO) strongly deviated from the bulk counterpart, due to the
possibly enhanced defect-defect interactions or lattice strain effect at surfaces. Secondly,
we found a novel metal-insulator transition triggered electrochemically in VO, by
changing the phase between the metallic dioxide V0 2 and the insulating pentoxide V205 .
Lastly, we lowered the operation temperature of this electrochemical control of oxygen
stoichiometry down to room temperature by using ionic liquid or ion gels as the electrolyte.
We achieved tuning of thermal conductivity in SrCoOx with a range of more than one order
of magnitude, by using electrochemically triggered phase transitions at room temperature.
We also investigated the effect of lattice strain on oxygen defect formation energy in
Ruddlesden-Popper (RP) phase oxide Nd2 NiO4+6 (NNO). We found that tensile strain along
the c-axis of NNO lattice effectively reduced the formation enthalpy of oxygen interstitials,
which can provide a new route for designing the defect chemistry of RP phase oxide for
electrocatalytic applications.
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List of Figures
Figure 1-1 Examples of the influence of point defects (oxygen non-stoichiometry) on
the physical, chemical properties and functionalities of oxides. (a) The
generalization of the famed Fiebig-Spaldin diagram by adding another
dimension considering the concentration of ionic species, illustrating that the
physics of multiferroics can be drastically altered when the concentration of ionic
species are changed. Reprinted with permission from Ref. 17. (b) The role of
point defects in memristor devices relying on the valence change mechanism,
revealed by local probing of electronic structure. Reprinted with permission from
Ref. 18. (c) Oxygen defect enabled ionic transport, exemplified by the simulated
oxide ion diffusion pathway in Ruddlesden-Popper phase oxides. Reprinted with
permission from Ref. 19. (d) Solid-state high-temperature actuators consisting of
non-stoichiometric (Pr,Ce)02s as the active material, utilizing the chemical
expansion induced by the change of oxygen vacancy concentration in the
structure. Reprinted with permission from Ref. 20.
Figure 1-2 The toolbox for tuning oxygen defect chemistry. (a) "Extrinsic" effects,
including changing oxygen defect concentrations by chemical doping and using
lattice strains. Figures reprinted with permissions from Ref. 27 and 24. (b)
Electrostatic effects introduced by the creation of higher order defects including
ID defects (dislocations) and 2D defects (interfaces). Figures reprinted with
permissions from Ref. 28 and 29. (c) Electrochemical effect introduced by
applying electrochemical potentials onto a functional oxide in contact with solid
oxide electrolyte. Reprinted with permission from Ref. 30.
Figure 1-3 Profiles of chemical and electrochemical potential of oxygen ionic defects
(exemplified by oxygen vacancies) in two scenarios. (a) Electrostatic effect
introduced by a charged core (e.g. extended defects such as dislocations or grain
boundaries). (b) Electrochemical potential applied by using a solid electrolyte
(for example yittria stablized zirconia, YSZ). WE and CE denote for working
and counter electrode, respectively.
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Figure 2-1 Photo showing the configuration of in situ HRXRD set up on Bruker D8
diffractometer. The center stage has a polyester ether ketone (PEEK) dome
which is semi-transparent for X-ray. Electrical leads are installed for in situ
electrochemical measurements (see Chapter 4).
Figure 2-2 Photoelectron spectrometers for ambient-pressure photoelectron
spectroscopy (APPES). (a) The typical configuration of state-of-art high-
pressure electron analyzer with three differential pumping stages. Adopted from
Ref. 58. (b) A photo of the endstation at beamline 11.0.2 of Advanced Light
Source (ALS), Lawrence Berkeley National Laboratory (LBNL). The
photoelectron spectrometer is in the red circle.
Figure 2-3 Schematic illustrating three different X-ray spectroscopic techniques: XPS
(a), XAS (b) and RESPES (c). See text for details about each technique. Co 2p
is used to exemplify core levels. Abbreviations are hv = photons with certain
energy, VB = valence band, Ei, = kinetic energy, Evac = vacuum level, EF =
Fermi level, on/off-res = on/off-resonance for a certain core level.
Figure 3-1 Surface oxygen exchange kinetics and stability on LSC dense thin film
cathodes. (a) The oxygen surface exchange coefficient, kr', quantified from
electrochemical impedance spectroscopy measurements over time at 530 'C in
air, for the LSC and LSC-Me films. (b) Atomic force microscopy images on the
LSC, LSC-V12, LSC-Nbl9, LSC-Til5, LSC-Hfl6, and LSC-A115 films that
were electrochemically tested as shown in (a).
Figure 3-2 Surface chemical stability on LSC dense thin films. (a) [Sr]TotalI/([La]+[Sr]),
(b) [Sr]Non-Iattice/([La]+[Sr]), and (c) [Sr]iattice/[Co] ratios at the surface of the LSC
and LSC-Me thin films measured in situ at different temperature and oxygen
partial pressures by AP-XPS. (d) Ex situ atomic force microscopy images of the
LSC and LSC-Me films after the AP-XPS measurements in (a).
Figure 3-3 Oxidation state of Co based on Co L_23-edge XAS on LSC dense thin films.
(a) Co L2,3-edge X-ray absorption spectra on LSC-Hfl6 at different temperatures
and oxygen partial pressures. The line marks the Co L3-edge main peak at 300
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'C and 0.76 Torr as a reference, to monitor the relative changes in Co oxidation
state. (b) The Co L3-edge peak positions at 300 'C, 0.76 Torr for LSC, LSC-Ti3,
LSC-Til5, and LSC-Hfl6 are shown by the solid symbols. The arrow under the
x-axis shows the direction of decreasing Co oxidation state, i.e. increasing
oxygen vacancy concentration. The open symbols represent the oxygen vacancy
formation enthalpy for binary oxides HfO 293 , TiO 2 90 and also LSC94 . The dashed
arrows in (b) are a guide to the eye and do not imply a quantitative linearity.
Figure 3-4 Oxidation state on LSC based on valence band and 0 K-edge. (a, b)
Evolution of the valence band structure from X-ray photoelectron spectra
measured in situ on (a) LSC and (b) LSC-Hfl6. The arrow indicates the low
energy peak which reflects the hybridization of Co t2g states with the O 2p orbital.
The greater the intensity of this peak, the more electrons in the t2g states of Co.
(c, d) 0 K-edge spectra of (c) LSC and (d) LSC-Hfl6 films at different
temperatures and oxygen partial pressures. The dashed lines in each plot mark
the position of the 0 2p ligand hole peak. The presence of this peak indicates p-
type doping and therefore an increased Co oxidation state, as seen on LSC-Til 5
and LSC-Hfl6.
Figure 3-5 Coordination environment of Ti on LSC-Til5. Ti L2,3-edge X-ray
absorption spectra under different measurement conditions. The dashed lines
mark the separation of t2g and eg peaks in both the L2 and the L3 edges. Schematic
representation of the evolution of the Ti coordination at the LSC surface, from
disordered at 300 'C to perovskite coordination of Ti atoms at the B-site of LSC
at 450-550 'C (visualized using the VESTA software' 09).
Figure 3-6 Dependence of oxygen surface exchange kinetics on the reducibility of the
LSC surface. The oxygen surface exchange kinetics of LSC-Me, represented by
the kinetic coefficient kq, exhibit a volcano-like dependence on the enthalpy of
oxygen vacancy formation (AHfV) in the binary oxides, MeOx. The x-axis is the
difference between the AHf V of the binary oxides (i.e. V205 (a-phase,
orthorhombic) 89 , Nb 20 5 (a-phase, orthorhombic) 92, TiO 2 (rutile phase)89 9 1, ZrO 2
(monoclinic phase)" 0 , HfO 2 (monoclinic phase)" , and A1 20 3 (u-phase,
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hexagonal) 90) and that of LSC. The y-axis shows the oxygen exchange
coefficient, kq, on LSC-Me, where the surface Me concentrations are within 12-
19%, measured after 27 hours of testing at 550'C in air. The dashed line is a
guide for the eye only.
Figure 4-1 (a) Schematic (not to-scale) of the BM-SCO thin film on YSZ substrate
with a GDC buffer layer. (b) The high-resolution X-ray diffraction data of 20-0
scan, (c) X-ray Reflectivity data, and (d) the AFM image showing the surface
morphology on the as-deposited SCO thin film.
Figure 4-2 In situ XRD results on SCO thin film sample at 500 'C as a function of
oxygen gas pressure, p02. BM phase (002) peak and (008) peak are shown
marked by dashed lines. Upon phase transition from BM-SCO to P-SCO, the BM
(008) peak is transformed to the P (002) peak and the BM (002) peak disappears.
Figure 4-3 In situ XRD results on SCO thin film when different electrochemical
potentials were applied at 773 K and 0.21 atm of p02. The changes in two
diffraction peaks, (a) the BM-SCO (002) peak (half-order peak) and (b) the BM-
SCO (008) or P-SCO (002) peak are shown as a function of applied
electrochemical potential, 71, at the SCO electrode. The effective oxygen
pressure, p02eff, was calculated based on the electrochemical potential at the
SCO electrode according to the Nernst equation.
Figure 4-4 Electrochemical impedance spectroscopy (EIS) measurement on the
SCO/GDC/YSZ/Ag electrochemical cell measured at 5000 C in air. The EIS
measurement was performed between each consecutive XRD measurement at
the same conditions. The intercept is attributed to the resistance of YSZ, while
the semicircle arcs at intermediate and low frequencies correspond to the
resistance of the Ag counter electrode and the SCO working electrode,
respectively. It could be estimated that Rsco/( Rsco+Rysz +RAg) ~ 0.75, which
means that about 75% of the applied electrical bias can be converted to the
electrochemical potential applied on SCO. The inset shows the equivalent circuit
used for fitting the EIS data, which consists of a resistance for YSZ and two
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parallel connected resistance and constant phase element (CPE) for Ag CE and
SCO WE.
Figure 4-5 Out-of-plane lattice parameters of BM-SCO and P-SCO extracted from in
situ XRD data shown in Figure 4-3, as a function of electrochemical potential at
the SCO electrode, collected at 500 'C in air.
Figure 4-6 In situ reciprocal space maps (RSM) collected for (a) BM-SCO, without
bias applied and (b) P-SCO upon phase transition from BM to P with 4V applied
bias. q, and q, are the in-plane and out-of-plane reciprocal lattice spacings,
respectively. The BM(1012) peak was measured at 300 'C with no bias applied.
The P(103) peak was measured when a bias of 4V was applied to the
electrochemical cell. The vertical dashed line shows that the in-plane lattice. (c)
RSM combining both the P(103) and the BM(1012) diffraction spots, which were
observed one at a time, as indicated in (a) and (b). The dashed line indicates that
the in-plane lattice parameter is essentially the same for BM and P phases before
and after the phase transition.
Figure 4-7 (a) Current-Time (I-t) curves under electrochemical potential from 7.5 mV
to 75 mV applied on the SCO electrode, measured at 500 'C in air. (b)
Normalized Current-Time (I-t) curves. The normalization is calculated using
initial current L and final equilibrium current If (saturation current), the
normalized current Int = (It - If)(Ii - If). The time axis is zoomed in to the
earlier stages of the relaxation in order to highlight the shape change of the I-t
curves with increasing electrochemical potential. (c) Change of oxygen non-
stoichiometry, i.e. A6, as a function of applied electrochemical potential. A6 is
defined to represent the change of the oxygen concentration as a function of bias
in the SCO lattice starting from the BM phase, i.e. change from SrCoO2.5 to
SrCoO2.5+A6 The vertical line marks the electrochemical potential at the on-set
of the BM-P phase transition in SCO (-26 mV, which corresponds to a
pO2effof 1 atm, as shown in Figure 4-3). The connecting lines are a guide for
the eye. (d) Semi-log plot of saturated current, If, as a function of the
electrochemical potential on SCO. The vertical line marks the BM-* P transition
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potential, same as in (c). Notice the slope change around the phase transition
potential.
Figure 4-8 Example I-t curve under 75 mV applied electrochemical potential, showing
the procedure of calculating number of transferred charges, measured at 500 0C
in air. Saturated current If was obtained when stable current density was reached,
then a flat straight line was fitting to the curve. The shaded part was then
integrated to yield the number of transferred charges.
Figure 5-1 (a)-(b) X-ray photoemission spectra evolution as a function of applied
external bias at 300 'C, 760 mTorr pO2 (a) Sr 3d, (b) Valence band (VB) and (c)
Co 2p. Sr 3d spectra envelope is fitted with two groups of Sr 3d doublets, one to
represent the Sr 3dlattice shown in light blue and one for Sr 3d_surface shown
in dark blue. The arrows indicate a shift to lower binding energy (BE) with
increasing bias (The rigid shift in the BE has been subtracted according to the
biases applied). (d) The BE shift as a function of applied bias summarized
together for Sr 3d (both lattice and surface species), VB, 0 Is and Co 2p. All the
core level and VB spectra BE positions were lowered by roughly the same
amount while increasing the bias (within an error bar of 0.1eV).
Figure 5-2 In situ XRD data on SCO collected at T = 300 'C, P0 2 = 10-3 atm, as a
function of electrical bias from 1 V to 4 V. Two SCO diffraction peaks, i.e.
BM(002) (shown in (a)) and BM(008)/P(002) (shown in (b)), are shown to
indicate the SCO phase under each bias applied. When BM->P transition occurs,
the BM(002) peak is suppressed and BM(008) peak moves to higher 20 angle
and forms P(002) peak. The phase of SCO under each bias (0-1 V: BM, 2-4 V:
P) has been indicated in the figure.
Figure 5-3 0 K-edge and Co L2,3-edge X-ray absorption spectra as a function of
applied electrical bias. (a) 0 K-edge spectra measured under different bias
conditions at 300 'C, 760 mTorr p02 The three peaks observed corresponds to 0
2p states hybridized with Co 3d, Sr 4d and Co 4sp states, respectively. (b) The
pre-edge peak in 0 K-edge XAS spectra, showing the evolution of the peak with
0 2p-Co 3d characteristics. (c) Co L2,3-edge X-ray absorption spectra without
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bias applied and with 4 V bias applied. The difference between the peak positions
of Co L3-edge peaks in the two spectra was -0.3 eV.
Figure 5-4 FY-XAS spectra of 0 K-edge (shown in a and b) and Co L-edge (c). The
sharp peak at -531 eV in 0 K-edge FY-XAS spectra is from the absorption of
the 02 gas molecules in the analysis chamber. The PEY- and FY- data collected
under a bias of 4 V was compared in b and c. The dash lines in b and c show that
there is no photon energy different between FY and PEY for 0 K-edge pre-edge
peak and Co L3-edge peak.
Figure 5-5 The branching ratio (BR) of Co L-edge XAS spectra by using two detection
modes, partial-electron-yield (PEY) and fluorescence-yield (FY), as a function
of applied bias. BR is defined as the intensity ratio of L3-edge vs. the summation
of both L3 - and L2-edge.
Figure 5-6 Resonant photoelectron spectroscopy (RESPES) on valence band of SCO.
(a) Co L-edge XAS under no bias applied. The arrows indicate the position of
the photon energy hv used for measuring the VB spectra in b and c; hv = 780 eV
for on-resonance, "on-res", and hv = 776 eV for off-resonance, "off-res". (b)
Comparing the VB spectra excited with hv = 776eV ("off res") and hv = 780eV
("on res"), as well as the difference between two spectra. The core level XPS
peak at -19 eV, which contains 0 2s and Sr 4p levels, was used to align the
intensity of two VB spectra. The enhancement of intensity at "on-res"
measurement can be clearly seen, which is partially due to the Co L3 VV Auger
peak indicated by the arrow. (c) The evolution of the resonant (on-res) VB
spectra as a function of applied bias. The blue lines showed the difference spectra
with respect to the spectrum with no bias applied.
Figure 5-7 Probing the kinetics of SCO phase transition. Data were collected at T =
300 'C, PO2 = 760 mTorr (a) 0 K-edge XAS spectra with no bias and with 4 V
bias applied. The dashed line indicates the position of the selected photon energy
(hv = 527.9 eV) for the measurement. The large difference in X-ray absorption
coefficient for BM and P-SCO is the premise for the dynamic measurement. (b)
An example showing the dynamic measurement of the intensity at hv = 527.9
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eV. When the bias was turned on (off), the intensity increased (decreased)
following the phase transition process. (c) Evolution of the dynamic
measurement, depicted as intensity difference vs. time curves as a funciton of
bias. The dots are the normalized data while the solid lines are fitting curves
using (5-1) and (5-2).
Figure 5-8 Fitting parameters, including time constants i and T2 (a), relative weight
of two expoential terms al (b) and Avrami exponent n2 (c), obtained from the
kinetic data shown in Figure 4(c). The solid lines and dashed arrows are guides
for the eyes, representing the trend for the change of each fitting parameter.
Figure 6-1 (a) Schematic illustration of the Ambient Pressure X-ray Absorption
Spectroscopy and X-ray Photoelectron Spectroscopy (AP-XAS, AP-XPS)
measurements. Electrical bias was applied onto the VO, electrode while the
absorption and photoelectron spectra were measured in operando.
Electrochemical pumping of oxygen out of the film transforms it from V 205 to
V02, and electrochemical pumping of oxygen into the film transforms V02 to
V2 0 5 . (b) AP-XAS data as a function of electrical bias applied to the VOx/YSZ/Pt
electrochemical cell at T = 300 'C, PO2 = 200 mTorr. The dashed lines are guides
to the eyes that mark changes in the spectral lines in the V L2,3-edge and 0 K-
edge designated peaks. The black and red dashed lines mark the V 205 and V0 2
features, respectively. A cathodic bias of -0.25V triggers the V2 05->VO 2
transition under these conditions.
Figure 6-2 a) Valence band spectra on V0 2 (at an electrical bias of -2 V) and V 205 (at
an electrical bias of 0 V) at T = 300 'C, PO2 = 200 mTorr. Note that V0 2 is in its
metallic rutile phase at the measurement temperature. Ef denotes the position of
zero binding energy in the spectrum. b) The current relaxation (I-t curve) when
an electrical bias step from 0 to -2 V was applied to V 205 at time = 0 s,
transforming it to V0 2 . Notice the increase in the current magnitude as a function
of time, opposite to the expected decrease of the current magnitude in this oxygen
coulometric titration configuration.
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Figure 6-3 X-ray absorption spectra as a function of applied electrical bias and time
obtained from the VOx/YSZ/Pt electrochemical cell maintained at T = 300 'C,
PO2 = 200 mTorr. The progression of the experiment indicated by the upward
arrows shows the stability and cyclability of the electrochemically triggered
phase transition in VOx. From bottom to top: a) The V0 2 phase was obtained at
-2 V, and remained stable after removing the bias and keeping the cell at open
circuit potential (OCP) condition. b) As soon as the V0 2 top electrode was
shorted to the bottom Pt electrode (setting the electrochemical cell bias to 0 V),
the V0 2 changed to the V205 phase. c) V205 remained stable after removal of
the bias (remained unchanged for the 30 minutes of the measurement); d) An
electrical bias of -2 V again switched the V205 back to V0 2 .
Figure 6-4 Dynamic X-ray absorption measurements. a) The V L2,3-edge and 0 K-
edge regions of the X-ray absorption spectra at 0 V and -2 V obtained from the
VOx layer as part of the VOxIYSZ/Pt electrochemical cell operating at T = 300
'C, PO2 = 200 mTorr. V 205 is stabilized at 0 V and V0 2 at -2 V. The dashed lines
mark the two photon energies (517.7 eV and 529.2 eV) where large changes in
the X-ray absorption intensity exist when switching from one phase to the other.
(b) Applied sine wave electrical bias (green dashed line) with a frequency of 10
mHz, and the corresponding periodic changes of X-ray absorption intensity at
the two selected photon energies in the V L3-edge region at 517.7 eV (red data
points) and in the 0 K-edge region at 529.2 eV (blue data points). Note that the
two curves are approximately180 degrees out of phase. (c) Frequency-
dependency of the dynamic X-ray absorption intensity at hv = 517.7 eV in the V
L3-edge region, measured during cycling of the electrical bias applied to the
VOx/YSZ/Pt electrochemical cell at several frequencies (5, 10, 25 and 100 mHz)
with a peak-to-peak variation of 2 V as in (b). At 5 mHz the absorption intensity
reached plateaus both under 0 and -2 V applied bias, with the amplitude of X-ray
absorption intensity gradually decreasing with increasing frequency.
Figure 6-5 X-ray photoelectron spectra of (a) V 2p and (b) valence band (VB) before
and after ionic liquid (IL) gating, compared with AP-XPS results. 1) & 3) In situ
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AP-XPS measurements under applied electrical biases of -2 V and 25 mV, which
corresponds to V02 and V205 phases, respectively. 2) Ex situ XPS on VO,
sample after applying -2 V electrical bias at 300 'C and cooling it to room
temperature. The XPS data at this state was similar to the in situ AP-XPS data
on V0 2 . 4) After ionic liquid gating at 4 V. The V 2p peak was similar to the in
situ AP-XPS spectrum under 25 mV, while the V 3d states at 0 eV binding energy
disappeared, confirming the transformation to the insulating V 205 phase. The
dashed lines in (a) are the XPS peak fitting results showing the contribution of
different oxidation states (V 5' and V4,). While the V 2p3/2 spectra in 3) and 4)
can be fitted with a single peak, indicating the fully oxidized V5 , chemical state,
the spectra in 1) and 2) consist of two peaks, corresponding to the mixed V5 + and
V4+ states.
Figure 7-1 In operando Pr M4,5-edge measured at T = 450 'C and PO2 = 200 mTorr,
as a function of applied electrochemical potential on (Pr,Ce)02 electrode. (a)
Two end-member spectra under 0.5 V and XAS spectrum under 0 V bias, which
shows that the 0 V spectrum is a superposition of two end-member spectra. The
dashed lines indicate the peak position of Pr3+ and Pr4' oxidation states. (b) Pr
M4,5-edge spectra in the bias range of -0.5 V-0.5V. The lines are the linear
combination of spectra under -0.5 V and 0.5 V by choosing the proper [Pr 4 ]
concentration to reconstruct the data. Dash lines are guides to the eyes to point
out the change of the line shapes as a function of applied bias.
Figure 7-2 In operando X-ray photoelectron spectra of Ce 3d at 0.5 V and -0.5 V
applied electrical biases. The line shapes were almost identical, while the peak
shift is due to the shift of Fermi level induced by applied electrochemical
potential (i.e., electronic shift rather than chemical shift).
Figure 7-3 (a) Pr 4 fraction, i.e. [Pr 4 ]/([Pr3+]+[Pr 4+]), as a function of applied bias.
The data points were extracted from spectra reconstruction results shown in
Figure 2. (b) Reduced Pr cation concentration (i.e, [Pr3+]/([Pr]+[Ce]), shown in
Kriger-Vink notation PrPr ) as a function of effective PO2 (pO2,eff, calculated
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from applied bias using Nernst Equation). The blue dots are literature data
reported by Chen et al. 16 on bulk thin film PCO.
Figure 7-4 In operando resonant photoelectron spectra (RESPES) on PCO. (a) Photon
energies selected for RESPES. The off-resonance (off-res) valence band (VB)
spectra were collected at an exciatation energy before the Pr M4,5-edge, while the
on-resonance (on-res) VB spectra were measured at photon energies which
correspond to the positions of Pr3+ and Pr4' XAS peaks. (b) Representative
RESPES VB spectra at off-resonance and on-resonance photon energies, under
applied biases of -0.5 V, 0 V and 0.5 V. The VB spectra were normalized by 0
2s peak at -20 eV. (c) On-resonance VB spectra measured at an excitation energy
of 932.6 eV (the maximum XAS peak of Pr 4 ). The binding energy was shifted
to align the Fermi edge, allowing for the comparison of the line shapes. The
arrow shows the direction from negative bias to positive bias (reducing ->
oxidizing). (d) Valence band maxima (VBM) extracted from the RESPES VB
spectra, as a function of applied bias. (e) Schematic showing the electronic
structure of PCO. The measued 1.3 eV difference represents the distance from 0
2p band to Pr 4f band.
Figure 8-1 X-ray diffraction results on strained NNO thin films on YSZ of different
orientations. The black dash lines indicate the expected peak positions for NNO
(101) and NNO (200) without the presence of lattice strain.
Figure 8-2 Ni L2,3-edge X-ray absorption spectra of Nd2NiO4+5 (NNO) thin films
under (a) compressive (grown on YSZ (110)) and (b) tensile strain (grown on
YSZ (111)) collected at T = 450 'C, PO2 = 1x10-3 atm and applied biases of -
0.75 V-0.75 V. The shoulder peak of L3-edge was observed to be higher for
tensile strained NNO, indicating a higher concentration of Ni 3+ oxidation state,
as indicated by the green dashed line.
Figure 8-3 0 K-edge X-ray absorption spectra of Nd2NiO4+a (NNO) thin films under
(a) compressive (grown on YSZ (110)) and (b) tensile strain (grown on YSZ
(111)) collected at T = 450 'C, p02 = 1x10-3 atm and applied biases of -0.75
V-0.75 V. The strong dip at -530 eV, as well as irregular shape at -538 eV and
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-541 eV are due to the absorption caused by oxygen molecules in the analysis
chamber2 2 1
Figure 8-4 Quantified (a) Ni3 + peak area (represented as the weight ratio in the total
intensity of Ni peak) and 0 K-edge pre-edge peak area plotted as a function of
applied biases.
Figure 8-5 Ni3+ peak area extracted from Ni L2,3-edge spectra (Figure 4(a)) plotted
against 0 K-edge pre-edge peak area (Figure 4(b)) to show the correlation
between the concentrations of holes in Ni 3d and 0 2p states. The dashed
diagonal line acts as guide to the eyes.
Figure 9-1 Ionic liquid and ion gel gating on the Brownmillerite (BM) phase SrCoO2.5
(SCO) and the effect on thermal transport property. (a) Schematic showing the
ionic liquid gating of SrCoO2.5. (b) X-ray diffraction showing BM-SCO(008)
diffraction peak, hydrogenated SrCoO2.5 (H-SCO) (008) peak after -4 V ionic
liquid gating as well as oxygenated perovskite SrCoO3 (P-SCO) after +3 V
gating. The shoulder peak in H-SCO at higher 20 position is due to the non-
switched part of the sample under the silver electrode used. (c) Schematic
showing the ion gel gating of SrCoO 2 .5 . (d) Estimated overpotential distribution
in SCO thin film sample before the hydrogenation reaction. The overpotential
decreases with positions further away from the contact due the ohmic loss from
the resistance of SCO thin film. The dashed lines matches the position in the
overpotential gradient with the positions in the optical picture of the sample
(inset).
Figure 9-2 (a) X-ray diffraction data showing the P-SCO (002) diffraction peak of P-
SCO obtained by using either ion gels (denoted as gel) or ionic liquid (denoted
as liq.) gating. The diffraction peak at lower 20 angle in the data of P-SCO (gel)
was due to the part that was not covered with ion gels and thus not switched to
P-SCO. (b, c) X-ray absorption spectra of Co L2,3-edge (b) and 0 K-edge (c)
measured on P-SCO (gel) and P-SCO (liq.).
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Figure 9-3 (a) Raw TDTR data (circle markers) and best fits (lines) for H-SCO
(orange), BM-SCO (blue) and P-SCO (green). The H-SCO and P-SCO were
gated by using ionic liquid. (b) Thermal conductivity of BM-SCO, H-SCO and
P-SCO (gated by either ionic liquid (denoted as liq.) or ion gel (denoted as gel)
measured by time-domain thermoreflectance measurements. Also, the thermal
conductivity of an SCO thin film which was subjected to a BM-P->BM cycle
was measured (marked as rev.). The error bars are from variations between
several measurement spots.
Figure 9-4 (a) Thermal conductivity of SrCoOx plotted as a function of applied
electrical bias (anodic) at 300 'C. (b) XRD results on SrCoOx after applying
electrochemical potentials at 300 'C. The gradual transition from mixed BM+P
phases to single P phase was observed. (c) Expected correlation between thermal
conductivity k and the average oxygen stoichiometry x in SrCoOx. The blue
symbols indicate the data points in (a) and (b) obtained by applying electrical
biases at 300 'C, while the P-SCO (gel) and P-SCO (liq.) are also plotted in the
figure for comparison.
Figure 9-5 X-ray absorption spectra collected using partial-fluorescence-yield (PFY)
mode on hydrogenated SrCoO2.5 thin film by using ion gels. (a-b) 0 K-edge (a)
and Co L-edge (b) spectra measured at different positions of the sample.
Numbers 1-6 indicate the measurement spots, i.e. 1 is as-grown BM-SCO part,
while going from spot 2 to spot 6, the concentration of protons decreases. The
shaded part in (a) shows the pre-edge peak area where appreciable changes were
observed. The blue dashed line in (a) and orange dashed line in (b) indicate the
photon energies used for line scans in (d) and (e). The black dashed line in (b)
indicates the maximum intensity position of Co L3-edge in BM-SCO. (c) The
positions of measurement spot 1-6, with estimated overpotential distribution in
the SCO thin film (see Figure 9-1(d)). (d, e) Line scans at fixed photon energy
of 529.4 eV (d, in the range of 0 K-edge pre-edge peak, indicated by the blue
dashed line in (a)) and 779.4 eV (e, in the range of Co L3-edge, indicated by the
orange dashed line in (b)).
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Figure 9-6 The effect of H+ concentration on thermal transport property of SCO. (a)
Co L2,3-edge XAS spectra fitted with linear combinations of spectra measured at
spot 1 and 2. The symbols are measured data while the lines are the fittings. (b)
Thermal conductivity (in red symbols) of ion gel hydrogenated SCO measured
along the H' concentration gradient. In the same plot, the relative H+
concentrations deduced from the spectra fitting results in (a) were plotted in
square symbols, referenced to the spectrum measured at spot 2.
Figure 10-1 Schematic showing the summary of this thesis, which includes the main
approaches taken for tuning of oxygen defect chemistry of functional oxides.
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Chapter 1. Introduction
1.1. Motivation
Point defects (OD defects) are essential building blocks for a variety of important properties
and functionalities of oxides. Among the ionic defect species, oxygen defects (usually in
the form of oxygen vacancies, though oxygen interstitials can also be majority defects in
some unique structures) are of particular importance due to the high mobility at relatively
low temperatures (compared with cation defects). Therefore, oxygen defects can be easily
engineered to tune the physical and chemical properties of functional oxides, including but
not limited to electronic structures', lattice constants2 , oxygen diffusivity 3, magnetic
properties 4, thermal transport property5 and superconductivity' 7 . Therefore, the
concentration and structure (e.g. ordering) of oxygen defects can directly determine the
functionality and performance of oxides in technologically relevant applications, ranging
from solid oxide electrochemical cells8 , thermochemical fuel production9 ,
electrocatalysis'1 to memristive devices" and multiferroics . Some of these examples are
summarized in Figure 1-1. Therefore, in order to maximize the figures of merit for each
individual application, one needs to first gain a fundamental understanding of the
mechanisms for tuning the oxygen defect chemistry. Although defect engineering is a
subject in materials science with a long history, and for most oxide systems defect
chemistry models have been successfully constructed14, new challenges and opportunities
emerge when the dimensions of functional oxides are greatly reduced down to nanoscale
(nanoionics)'. Moreover, with the ever shrinking of the materials dimensions, it imposes
new constraints to the characterizations of oxygen defects and the properties altered by
defects'6 . In situ and in operando materials characterization tools are often needed due to
the constraints imposed by the operation conditions of multiple applications, requiring the
development of novel measurement techniques.
With the goal of addressing some of the challenges mentioned above, the scope of this
work is essentially enriching the toolbox for tuning oxygen defect chemistry of oxides in
nanoscale (for example, the oxygen defects in thin films or the local defect distribution at
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surfaces). Also, this work intends to highlight advances in situ characterizations of
chemical states, crystal structures and electronic structures, in order to link the application-
relevant properties with oxygen defect chemistry at the same environmental conditions.
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Figure 1-1 Examples of the influence of point defects (oxygen non-stoichiometry) on
the physical, chemical properties and functionalities of oxides. (a) The generalization of
the famed Fiebig-Spaldin diagram by adding another dimension considering the
concentration of ionic species, illustrating that the physics of multiferroics can be
drastically altered when the concentration of ionic species are changed. Reprinted with
permission from Ref. 17. (b) The role of point defects in memristor devices relying on
the valence change mechanism, revealed by local probing of electronic structure.
Reprinted with permission from Ref. 18. (c) Oxygen defect enabled ionic transport,
exemplified by the simulated oxide ion diffusion pathway in Ruddlesden-Popper phase
oxides. Reprinted with permission from Ref. 19. (d) Solid-state high-temperature
actuators consisting of non-stoichiometric (Pr,Ce)02_s as the active material, utilizing the
chemical expansion induced by the change of oxygen vacancy concentration in the
structure. Reprinted with permission from Ref. 20.
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1.2. Toolbox for Tuning Oxygen Defect Chemistry
The aim of this section is to provide a concise overview on the different mechanisms for
tuning oxygen defect chemistry, which are summarized in Figure 1-2. The establishment
of oxygen defect chemistry equilibria relies on the exchange of lattice oxygen in oxides
with oxygen molecules in the gas phase. At equilibrium, the chemical potential of lattice
oxygen (in this case in the form of charge neutral oxygen) must be equal to one half of the
chemical potential of gas phase oxygen molecule, i.e.,
yo = 1/2 Mo2 = 1/2(po2 + kB p 2 p 2  (1-1)
In the equation above, the chemical potential of lattice oxygen puo is directly related to the
oxygen non-stoichiometry of the oxide, while the chemical potential of the gas phase has
a standard condition term It 2 (at the condition of fixed temperature T and standard
pressure po2) and a term determined by the actual oxygen partial pressure Po2 . Therefore,
it is easy to see that the oxygen non-stoichiometry can be changed by varying the
environmental po2 . A more direct way of representing the oxygen non-stoichiometry
change can be obtained by considering the defect chemical reaction below:
Ox -> 1/2 02 + V~ + 2e' (1-2)
Here the oxygen non-stoichiometry is represented by the formation of oxygen vacancies
(ionic defects) and electrons (electronic defects), shown in Kr6ger-Vink notations. Notice
that the electronic defects can either be free electrons in the conduction band or polarons
localized on ion sites (such as the case of CeO24 where electronic defects form localized
Cece polarons2 1, similar situation was observed in Pr-doped ceria, see Chapter 7). Based
on the defect chemical reaction, one can write the chemical potential relationship for each
species as:
1/2 Mo2 + pv + 2 pe' = 0 (1-3)
The chemical potential for each component can be expressed as the summation of a
standard term and a concentration term, therefore the equation above can be rearranged as
below:
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puj= C9+ kBT j), =V e' (1-4)
1/2 0S + 2pypf cv C ,
- 64 =1/2 In - + 1n ( C + 2 1n ( C ) (1-5)
kBT p0  c - Cv0  Ce, - Ce,
In the equation above, c9 is the concentration of all the available sites for ionic or electronic
defects. If we define the Gibbs free energy of reduction reaction as AGO9ed = 1/2 P 2 +
P 0 + 2pel,, then the classic law of mass action of chemical equilibrium can be reached as
below:
1/2 Cy N Ce 2 (AGO~ed
- V xp -=Kred (1-6)
P02 cVk -CV6 Ce, - Ce, ke )
In the equation above, Kred is the equilibrium constant for reduction, which is directly
linked to the thermodynamic parameter AGroed. Notice that in the dilute limit, the
concentration terms in the denominator can be reduced to c9.
Equation (1-6) contains an important implication for tuning oxygen non-stoichiometry, i.e.
oxygen defect concentration can be not only changed intrinsically by changing T or PO2,
but can also be altered extrinsically by modifying the thermodynamic parameters. The
"extrinsic" effects can be achieved most traditionally by changing the composition of
oxides, i.e. by introducing cation dopants. This is straightforward to understand since the
introduced dopant can directly change the chemical bonding between metal cations and
oxygen, therefore affect the reducibility of the oxides. On the other hand, compared with
the well-studied compositional effect, the effect of lattice strain is much less well-
understood. Lattice strain has been shown to have additional impact on the oxygen defect
chemistry equilibria due to the chemo-mechanical coupling.2 2 Therefore, lattice strain
effect introduced by hetero-nanostructuring 23, thin film epitaxy 24 or free standing
membranes 25 can potentially change the formation energy of oxygen defects. However, the
trend of lattice strain effect on oxygen defect formation is observed to be complicated.
While in (La,Sr)CoO3-x 24, biaxial tensile strain was shown to lower the formation energy
of oxygen vacancies, a more recent work on CeO2-6 showed that the effect of strain is not
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monotonic21. Therefore, the effect of strain might be highly material-dependent and needs
much further work for a better quantitative understanding.
V0
Figure 1-2 The toolbox for tuning oxygen defect chemistry. (a) "Extrinsic" effects,
including changing oxygen defect concentrations by chemical doping and using lattice
strains. Figures reprinted with permissions from Ref. 27 and 24. (b) Electrostatic effects
introduced by the creation of higher order defects including 1D defects (dislocations)
and 2D defects (interfaces). Figures reprinted with permissions from Ref. 28 and 29. (c)
Electrochemical effect introduced by applying electrochemical potentials onto a
functional oxide in contact with solid oxide electrolyte. Reprinted with permission from
Ref. 30.
In addition to and different from the extrinsic effects mentioned above, another important
method of tuning oxygen non-stoichiometry relies on the charges of oxygen defects which
make their equilibria responsive to electrical bias. Since oxygen point defects are charged
and mobile at elevated temperature, the distribution of oxygen ionic defects can thus be
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changed by electrostatic potential 4). If an electrostatic potential is introduced to the system,
then the equilibrium condition needs to be modified to satisfy the constancy of the
electrochemical potential of charged defects, defined as below:
fi= Pi + zLe4 = Y1 + kBTln (o C ) + zieo (1-7)
In the equation above, fi is the electrochemical potential (or called generalized chemical
potential), zi is the number of charges of the defects, while qb is electrostatic potential. At
the equilibrium, since fi must be equal at different location of the system, the concentration
of the charged defects, therefore, will be determined by the profile of electrostatic potential.
The electrostatic effects are often introduced by the creation of higher order defects, i.e.
dislocations (ID) and interfaces/grain boundaries (2D). Due to the discontinuity in the
symmetry and often more opened structure at these extended defects, the formation of
oxygen vacancies is usually easier at the defect core compared with the bulk3"1 2 , which
leads to charging of the defect core and the formation of space charge zone in the
surrounding region (see Figure 1-3(a)). The segregation energy of oxygen vacancies in the
core is determined by the difference between p4vcore and ptg, bul.*The extra positive
charge in the core then will deplete the oxygen vacancy concentration in the surrounding
space charge zone by lowering pv. The electrostatic effect induced by the grain boundaries
is well studied with details. Ref.33 is a recent thorough review on this topic. On the
contrary, the space charge layers introduced by dislocations or hetero-interfaces are much
less well-understood, though recent studies have shown the effects on several oxide
systems. The space charge effect introduced by dislocations was investigated with details
in TiO228 and SrTiO334 , where a large change in oxygen vacancy concentration and
electrical conductivity could be achieved by creating edge dislocations. Moreover, in
complex oxide La2CuO4, the space charge effect was clearly incorporated by inserting on
layer of SrO via the layer-by-layer oxide thin film deposition, and the electrostatic effect
was captured by electron microscopy and spectroscopy.
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Figure 1-3 Profiles of chemical and electrochemical potential of oxygen ionic defects
(exemplified by oxygen vacancies) in two scenarios. (a) Electrostatic effect introduced
by a charged core (e.g. extended defects such as dislocations or grain boundaries). (b)
Electrochemical potential applied by using a solid electrolyte (for example yittria
stablized zirconia, YSZ). WE and CE denote for working and counter electrode,
respectively.
Unlike the electrostatic effect which is highly dependent on the extended defects and
sample fabrication processes, applying electrochemical potential is perhaps a more
generally applicable method that utilizes the charged nature of oxygen ionic defects. If the
oxide of interest is used as electrode in contact with a solid electrolyte (most commonly
yittria stablized zirconia, denoted as YSZ), then it is possible to apply a bias to change the
electrostatic term in the electrochemical potential expression, as shown in Figure 1-3(b).
The most important advantage of this electrochemical approach, compared with other
methods of tuning oxygen non-stoichiometry, is the ability of controlling oxygen defect
concentration on demand after the fabrication of oxide samples, while the other effects
(compositional or extended defects) are essentially "frozen-in". Therefore, the
electrochemical effect was applied to a variety of functional oxides with both perovskite3 -
39 and fluorite2 6,30,40-42 structures to change the oxygen non-stoichiometry and related
properties. The large tunable range of oxygen stoichiometry induced by the
electrochemical effect can readily cross the phase boundaries and trigger topotactic phase
transitions, which is a feasible way to access the distinct properties of different phases of
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oxides. In addition, since oxygen defect concentration is changed conveniently by applying
voltages, the electrochemical effect provides opportunities for in operando measurements
combined with electrical measurements4 3, X-ray diffraction4" 7, impedance
spectroscopy30 ,39 and X-ray photoelectron spectroscopy'4-0 to gain a fundamental
understanding on the impact of oxygen defects on the crystal and electronic structure of
oxides.
1.3. Thesis Overview
Having introduced the importance of oxygen point defects and the different methods that
can be used to tune the oxygen defect chemistry, the following chapters of this thesis focus
on using those methods in specific cases studies on model oxide systems to investigate the
tuning oxygen stoichiometry. In particular, the novel contributions of this thesis can be
summarized as follows:
1) Heterogeneous chemical doping of the surface to control surface oxygen defect
chemistry, and improving the surface electrocatalytic activity and stability of a
perovskite oxide,
2) Control of phases of oxides via electrochemical potential, with resulting drastic
changes in electronic and phonon transport properties,
3) Elastic strain engineering to alter the oxygen interstitial equilibria, with
implications for oxygen exchange kinetics.
The chapters of the thesis are summarized below:
Chapter 2 introduces the physical principles of important oxide sample growth, structural
and chemical characterization experimental methods. These experimental approaches are
crucial for fabricating oxide samples with simplified geometry and characterizing the
different effects in tuning oxygen non-stoichiometry in situ and operando.
Chapter 3 focuses on the tuning of surface oxygen vacancy concentration of (La,Sr)CoO3
(LSC) by surface chemical decoration. This approach essentially uses the extrinsic effect
mentioned above, while the compositional change is controlled to be localized at the
surface region of LSC. Different cations are introduced to the LSC surfaces that can either
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raise or lower the formation energy of oxygen vacancies, and the effect of the dopant
cations on surface stability is characterized in situ. Finally, the insights gained on the
surface non-stoichiometry and stability is used to reach the conclusion relating the surface
oxygen defect chemistry and long-term surface catalytic activity.
Chapter 4 and Chapter 5 focus on the capability of electrochemical effect. By choosing a
unique oxide system SrCoOx (denoted as SCO), the electrochemical effect is shown to
feasibly trigger the topotactic phase transition by changing oxygen non-stoichiometry,
which provides a novel and convenient way of drastically changing the structure, electronic
states as well as functionalities of oxides. Chapter 4 focuses on the implementation of the
electrochemical effect on SCO as well as in situ structural characterizations showing the
phase transition triggered by applied biases. Chapter 5 describes the investigation of
electronic structure evolution during the electrochemically driven phase transition in SCO,
by using in operando X-ray spectroscopic tools. A thorough understanding on the changes
of structure and electronic structure induced electrochemically can be obtained by putting
the results in these two chapters together, which can potentially guide the designing of this
functional oxide in applications including memristors or electro-catalysis.
Chapter 6 and Chapter 7 are extension work originated from the electrochemically driven
phase transition in SrCoOx. The idea is essentially applying the electrochemical effect to
other oxide system of technological importance. Chapter 6 demonstrated a novel type of
metal-insulator-transition achieved electrochemically in vanadium oxide. Cyclable phase
transition between V0 2 (metallic phase) and V205 (insulating phase) can be triggered by
applying a cyclic overpotential. In Chapter 7, surface defect chemistry of (Pr,Ce)O2.s is
studied in a very wide effective pO2 range achieved electrochemically. The surface
chemistry equilibrium is shown to be distinct from the equilibrium of the bulk. The reduced
praseodymium cation concentration is shown to be much higher at the surface region
compared with the bulk, even in highly oxidizing conditions. The work summarized in
these two chapters prove again that applying electrical biases is an effective way of tuning
oxygen defect chemistry, which can be used for studying new physical and chemical
phenomena.
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Chapter 8 explores the possibilities of utilizing lattice strain to tune the oxygen defect
chemistry, exemplified by the study on Ruddlesden-Popper (RP) phase oxide Nd2NiO4+6
(NNO). The choice of layered RP phase sheds light on the effect of strain on oxides beyond
the simple isotropic perovskites. The strain along the c-axis of the NNO lattice is shown to
have strong impact on the oxygen interstitial formation enthalpy. By using in operando X-
ray absorption spectroscopy, the much easier formation of oxygen interstitials is found on
NNO thin film sample with tensile strain along c-axis compared with the sample with
compressive strain.
Majority of the examples above on the tuning of oxygen defects requires the use of elevated
temperatures (at least ~300 'C), which can impose constrains to technologically relevant
implementations. In Chapter 9, we extend the implementation of electrochemical effect to
room temperature by changing the solid electrolyte to ionic liquids or ion gels, which have
high ionic conductivity even at room temperature. We show that the phase transition
between brownmillerite SrCoO2.5 and perovskite SrCoO3-6, governed by a change in
oxygen stoichiometry, can be triggered at room temperature. Moreover, the use of room
temperature ion conductors allows us to incorporate proton to SrCoO2.5, which results a
new hydrogenated phase. The electrochemically induced phase transitions lead to large
modulations on physical properties and in this work we focus on thermal transport property.
As expected, the phase transitions, trigged by the incorporated ion species, enable bi-
directional tuning on thermal conductivity, spanning the range of roughly one order of
magnitude, which is much larger compared to previous studies in literature.
Finally, conclusions and perspectives of the methods and approaches towards the better
understanding and developing of a variety of effects for tuning the oxygen defect chemistry
are included in Chapter 10.
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Key Experimental Techniques
2.1. Pulsed Laser Deposition (PLD)
One important strategy of studying physical and chemical properties of functional oxides
is working with dense epitaxial or highly textured thin film on single crystal substrates.
The reduced dimensions of thin films compared with bulk materials (3D -> 2D) can often
provide much simplified microstructures, which makes it easier to probe the property of
interest. One of the most widely used oxide thin film deposition method is pulsed laser
deposition (PLD), due to its versatility for depositing multiple oxides with distinct
compositions.
The concept of PLD is rather simple: a pulsed laser with a certain wavelength is focused
and enters a window on the deposition chamber, which ablates a rotating target to generate
highly energetic plume. A single crystal substrate, which is usually heated to high
temperature, faces the generated laser plume so that thin film is deposited. One key
advantage of PLD is the feasible near-stoichiometric composition transfer from the target
to the substrate. Therefore, deposition of multiple functional oxides in one single PLD
chamber is possible by using different polycrystalline oxide targets, which is far more
convenient and economical compared with other techniques such as molecular beam
epitaxy (MBE). However, the difficult task for PLD depositions is choosing the proper
deposition parameters to achieve the desired composition and microstructure of thin film
samples. There are a number of factors that can have strong impact on the properties of the
deposited thin films, including but not limited to: target composition and surface quality,
substrate surface morphology and termination, substrate temperature, target-to-substrate
distance, deposition atmosphere, heating and cooling rate, laser fluence and laser spot size.
It has been shown that even for a relatively simple homoepitaxy of SrTiO 3, the
stoichiometry of the SrTiO 3 films can be highly influenced by the laser fluence.1 '5 2
Therefore, depositions of high-quality thin film samples rely on the careful choices of
deposition parameter set, as well as thorough sample characterization after deposition.
In this work, PLD was used for the fabrication of thin film samples of multiple functional
oxides, including (Lao.8Sro.2)CoO3, SrCoO2.5, (Pro.iCeo.9)O2, Nd2NiO 4 and V02. Except for
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Chapter 2.
V0 2 samples, which were received from collaborators at Oak Ridge National Laboratory
(ORNL, Dr. Ho Nyung Lee's group), the rest of oxide thin films were all deposited in the
thin film deposition lab at MIT, by using a Neocera (MD, USA) PLD system. A KrF
excimer laser with a wavelength of 248 nm was used in this work, the repetition rate of
which was usually set at 5 Hz. The single crystal substrates were heated to 600-850 'C
(depending on deposited oxide) in apO2 of 10-20 mTorr. After the deposition, the samples
were cooled down with a rate of 10 'C/min. The grown thin film samples were carefully
characterized by using both atomic force microscope (AFM) and high-resolution X-ray
diffraction (HRXRD) to guarantee the desired surface morphology and crystal structure.
2.2. X-ray diffraction (XRD)
X-ray diffraction (XRD) is a widely used technique for characterizing crystal structures,
in-plane and out-of-plane lattice parameters as well as strain states of thin film samples.
The simplest model to understand the diffraction conditions is perhaps Bragg's law, which
can be expressed by using the equation below:
A= 2dhkisin6 (2-1)
In (2-1), X is the wavelength of the X-ray radiation. For high-resolution X-ray diffraction,
Cu Kai X-ray with a wavelength of 1.5406 A is often selected by using a Ge-(022)
monochromator when analyzing epitaxial thin films. dhkl is the distance between the
respective crystal planes with hkl Miller indices, while 6 is the diffraction angle. Bragg's
law can be easily used to understand the symmetric 26-w scans, where the incident angle
w (between X-ray source and sample) equals one half of diffracted angle (between the
incident X-ray beam and detector angle), therefore, only crystal planes that are parallel to
the sample surface are detected. For more sophisticated measurements, it is perhaps more
comprehensible to consider the problem in reciprocal space, in which the lattice vector for
each crystal plane in real space is converted to a single point. Then the diffraction condition
can be easily expressed by the intersection of the reciprocal lattice and the so-called Ewald
sphere:
kf- k= G (2-2)
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Above Ak = kf - k, is the linking vector between the incident and diffracted beam wave
vectors, while G is a vector pointing to a lattice plane in the reciprocal space. In this case,
the wave vector of the X-ray radiation form a sphere due to the nature of elastic scattering
(i.e. IkI is a constant). Therefore, diffraction occurs when the Ewald sphere intersect with
the reciprocal sphere. This understanding is important for the interpretation of reciprocal
space maps (RSM), which are essentially sections of the reciprocal space mapped out by
doing multiple asymmetric scans (w # 1/2 20) with small steps. For thin film samples,
due to the large penetration of hard X-ray (usually on the level of pm), both the signal from
the thin film and the substrate can be detected, which allows for the probing of the relative
crystallographic relationship between films and substrates.
While XRD measurements are usually done ex situ, for oxide thin films in situ or in
operando measurement as a function of temperature T, oxygen partial pressure PO2 and
overpotential q can be very informative due to the chemo-mechanical coupling in oxides.
The concentration of oxygen point defects, which can be altered by T, PO2 and i, is shown
to impact the lattice parameters of perovskite 3' 54 and fluorite2,5 5 structured oxides strongly.
Therefore, in this work, multiple diffractometers were used to perform in situ XRD
measurements by using MIT Center for Materials Science and Engineering (CMSE) shared
facilities. These include a PANalytical X'Pert PRO diffractometer equipped with an Anton
Parr HTK1200N furnace, which can be used to perform powder XRD measurements at
temperatures up to 1200 'C. We also designed the gas handling system so that XRD
measurement can be done at variable PO2 ranging from 1O atm to 1 atm. However, due to
the lack of monochromator installed, only powder XRD can be performed. Another
diffractometer used for in operando XRD was a Bruker D8 diffractometer equipped with
a Ge-(022) 4-bounce monochromator and a 1 -D line detector. An Anton Parr DHS 900
heating stage can be attached allowing for in situ high-resolution XRD (HRXRD)
measurement at temperatures up to 900 *C. The heating stage was modified to
accommodate up to three electrical connections for electrochemical measurements while
doing XRD. Moreover, gas atmosphere can be controlled if needed by flowing pre-mixed
gas. A photo showing the in situ HRXRD set up is included in Figure 2-1.
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Figure 2-1 Photo showing the configuration of in situ HRXRD set up on Bruker D8
diffractometer. The center stage has a polyester ether ketone (PEEK) dome which is
semi-transparent for X-ray. Electrical leads are installed for in situ electrochemical
measurements (see Chapter 4).
2.3. Ambient Pressure X-ray Photoelectron/Absorption Spectroscopy (AP-
XPS/XAS)
2.3.1. Bring surface science techniques to ambient pressure conditions
The probing of the surface physical or chemical properties of solid state matter relies on
the response to external excitations, which can be either charged particles (electrons or ions)
or radiation (photons). The most widely employed excitation to study solid surfaces is
perhaps soft X-ray (photon energy hv < ~1 keV), which enables both emission and
absorption spectroscopy, providing information on the occupied and unoccupied density
of states (DOS), respectively.
Conventional X-ray photoelectron and absorption spectroscopy (XPS/XAS) requires ultra-
high vacuum (UHV, ~10 0 Torr) conditions, due to the short inelastic mean free path
(IMFP) of the photoelectrons with kinetic energy (KE) on the level of several hundreds of
eV. However, the technology-relevant chemical or electrochemical reactions often happens
in environments with much higher atmosphere pressures. For instance, in solid oxide fuel
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cells (SOFC), the anode electrochemical reaction happens in H2/H20 mixed gas with a total
pressure of 1 atm. The Fischer-Tropsch process (gas-to-liquids) often requires pressures
in excess of 10 bar. Therefore, there exists a large "pressure gap" between the well-
controlled UHV conditions and the realistic industrial environments. This means that it is
very difficult, if not at all impossible, to apply the knowledge learned from the conventional
surface science techniques to the real catalysts or energy conversion devices. One can also
look at this issue by calculating the difference in Gibbs energy between UHV and ambient
pressure. Even at room temperature, the "pressure factor", i.e. kBT In p can differ as high
as -0.5 eV for a pressure gap of 108 Torr, which would almost certainly change the energy
landscape of the surface chemical reactions. Therefore, techniques allowing the
investigation of solid surfaces under ambient pressure ranges (-I Torr or higher) is of vital
importance for the advancement of the understanding in environment, catalysis as well as
energy science.
Over the past two decades, there has been groundbreaking progress in the development of
so-called ambient-pressure photoelectron spectroscopy (AP-PES), which enables the
measurements of both XPS and XAS measurements routinely under pressures of ~1 Torr.
A thorough review of the history, instrumentation as well as applications of AP-PES by M.
Salmeron (Lawrence Berkeley National Laboratory) and R. Schl6gl (Fritz-Haber Institute)
can be found in Ref. 56, while a more recent review which includes more examples can be
found in Ref. 57. The main challenge of the AP-PES instruments need to solve is the short
mean free path of electrons in high pressure. For instance, the mean free path of electrons
with 400 eV KE in 1 Torr gas environment is only -4 mm, which makes it necessary to
shorten the distance of electron traveling in the gas as much as possible. Therefore, the
state-of-art specialized photoelectron spectrometers for AP-PES use several differential
pumping stages pumped by turbomolecular pumps (see Figure 2-2). Moreover, to increase
the yield of the photoelectron collected, multiple electrostatic lenses are incorporated into
the differential pumping stages for redirecting the electron trajectories and avoiding the
further scattering of photoelectrons.5 6 The working distance of these spectrometers is then
set to relatively short, on the level of 1 mm, in order to ensure enough intensity.
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The state-of-art high-pressure electron spectrometer can be used along with lab-source X-
ray or with synchrotron radiation. While commercial stand-alone AP-PES system does
exist, the synchrotron radiation offers incomparable advantages such as much higher
photon flux as well as tunable photon energy. The latter is important since it allows
absorption spectroscopy measurements, or so-called near-edge X-ray absorption fine
structure (NEXAFS) or X-ray absorption near edge structure (XANES). In this work, AP-
XPS/XAS experiments were performed at BL9.3.2 and BLl 1.0.2 at Advanced Light
Source (ALS), Lawrence Berkeley National Laboratory and at CSX-2 (23-ID-2) beamline
at National Synchrotron Light Source-II (NSLS-II), Brookhaven National Laboratory. The
configuration of the endstations at these three beamlines are very similar: the spectrometer
is hosted in the main analysis chamber with differential pumping system. At the beamline
side, a -100 nm thick Si3N4 window separates the upstream beamline with the analysis
chamber, which can allow the increase of the pressure in the analysis chamber up to -10
Torr. Furthermore, there is a preparation chamber attached to analysis chamber for extra
sample preparation and cleaning, and also for additional characterizations such as low
energy electron diffraction (LEED). Finally, a loadlock connected to the preparation
chamber for fast sample transfer. Both XPS and partial-electron-yield XAS can be
performed at these three beamlines, offering great opportunities for gaining fundamental
understandings of solid-gas interfaces under ambient-pressure conditions.
Photoelectron spectrometer
Aperture
*BL 11.0.2, ALS, LBNL\
Figure 2-2 Photoelectron spectrometers for ambient-pressure photoelectron
spectroscopy (APPES). (a) The typical configuration of state-of-art high-pressure
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electron analyzer with three differential pumping stages. Adopted from Ref. ". (b) A
photo of the endstation at beamline 11.0.2 of Advanced Light Source (ALS), Lawrence
Berkeley National Laboratory (LBNL). The photoelectron spectrometer is in the red
circle.
2.3.2. Ambient pressure X-ray photoelectron spectroscopy (AP-XPS)
XPS is an important technique for understanding the surface chemical states as well as
surface electronic structure. The basic operation principle is rather simple (shown in Figure
2-3(a)): core-level electrons (or electrons in the valence band (VB)) are excited by an
incident X-ray with certain photon energies. The incident X-ray must provide the electrons
with enough energy to overcome the barrier to escape the solid surfaces and detected by
the energy-resolved electron analyzer. The relationship between excitation energy (hv) of
the X-ray, binding energy (BE, Ebind) and kinetic energy (KE, Ekin) can be expressed by
the equation below:
Ebind = hv - Ekin - 'D (2-3)
P is the work function of the solid surface, i.e. the minimum energy electrons need to be
"free" (above the vacuum level). Since the BE for each core level of each element is
different and has been tabulated in the literature, XPS is an analytical tool for identifying
the elemental composition of surfaces. However, based on equation Ebhnd = hv - Eki, -
cP (2-3, one needs to be cautious when interpreting the change
of BE to differientiate the so-called chemical shifts and electronic shifts. Chemical shifts
originate from the actual changes in the chemical state of elements. For instance, in ionic
materials, forming chemical bonds effectively reduces the electron density of the metal
cations, which reduces the screening of core potential. The effect of this reduced screening
thus leads to an increase in the binding energy, which causes the chemical shifts. On the
other hand, the seemingly similar effect can be originated from the shift of the Fermi level
EF, since the binding energy is essentially referred to the highest occupied state of
electrons. In this case, since the chemical bonding environment of the element has not been
changed, this shift is purely electronic.
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Figure 2-3 Schematic illustrating three different X-ray spectroscopic techniques: XPS
(a), XAS (b) and RESPES (c). See text for details about each technique. Co 2p is used
to exemplify core levels. Abbreviations are hv = photons with certain energy, VB =
valence band, Ekin, = kinetic energy, Evac = vacuum level, EF = Fermi level, on/off-res =
on/off-resonance for a certain core level.
The principle and general considerations of ambient-pressure XPS are mostly the same as
the conventional XPS detailed above. However, the much higher pressure of the APXPS
operation conditions introduces several differences that have to be carefully considered.
First of all, the gas molecules play an important role in APXPS and can lead to multiple
effects. The intensity of the XPS decays quickly with the increasing gas pressure in the
analysis chamber due to the scattering of the photoelectrons by the gas molecules.
Nevertheless, with the high photon flux from synchrotron radiation sources, APXPS data
can still be collected in a rather rapid fashion even in a pressure of -1 Torr. On the other
hand, the high concentration of gas molecules can be advantageous to the XPS
measurements of insulating samples, which are usually challenging in UHV conditions due
to sample charging. The emission of electrons by X-ray from the gas molecules in adjacent
to the sample surfaces can effectively compensate the charging of insulating sample
surfaces. Furthermore, under relatively high gas pressure (-100 mTorr or above), the
photoelectron peaks of gas phase can be clearly detected, which usually have BE that are
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higher than the solid species of the same element. The peak position of gas phase is shown
sensitive to the change of work function of solid surfaces, thus can be used to detect the
existence of surface dipoles.42 Lastly, sample heating in ambient-pressure environments is
not trivial and requires the careful designing of sample heating stage.59 A number of
refractory metals which are widely used in UHV surface science techniques, such as Mo,
Ta and W, are not suitable for heating in ambient-pressure gas environments especially in
highly oxidizing conditions (high pO2), since these metals can readily form oxides. The
formed oxides can be volatile (such as MoO 3) and can cause severe sample surface
contamination. Overall, one needs to carefully evaluate the risks and potential pitfalls for
APXPS measurements to avoid inconsistent or questionable data.
2.3.3. Ambient-pressure X-ray absorption spectroscopy (AP-XAS)
While XPS can provide information on the core levels and valence band structure, XAS
mainly provides the information on the unoccupied states (conduction band). The basic
principle is to record the photon-energy dependent absorption of X-ray. The photon energy
needs to be tuned in order to excite electrons from certain core-levels to unoccupied states
above the Fermi level, while obeying certain transition selection rules (see Figure 2-3(b)).
Soft X-ray is particularly suitable for studying transition metal oxides, since the L-edge (2p
+ 3d transition) of most 3d transition metals and 0 K-edge (0 Is + 2p transition) are both
in the energy range of 400-1000 eV. However, for most solid state samples, the absorption
cannot be measured in a transmission configuration, due to the short penetration depth of
soft X-ray (on the level of p gm). Therefore, XAS in the soft X-ray regime often relies on
the secondary processes of the absorption. Electron holes in the core levels of solids are
created upon the absorption of X-ray, the amount of which is proportional to the absorption
coefficient. The states with core level holes are unstable, thus will decay via different
routes. The decay can be either radiative, i.e. via emission of fluorescence photons or non-
radiative, i.e. via the creation of Auger electrons. Therefore, one can measure absorption
coefficient by either detecting fluorescence (so-called fluorescence yield, FY) or counting
emitted electron intensity (electron yield, EY). For electron yield, one can choose the
energy range of electrons collected by either using a spectrometer or by applying an
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electrical bias to the sample. Therefore, electron-yield XAS can be measured either by
collecting all the electron emitted without differentiating the kinetic energy, via measuring
the drain current (so-called total electron yield, TEY) or by only collecting electrons with
certain energy range (partial electron yield, PEY).
One large difference between fluorescence and electron yield is the probing depth. The
much larger attenuation length of fluorescence photons means FY-XAS has much deeper
probing depth, usually on the level of-0. 1 pm. On the contrary, electrons are much more
easily scattered therefore leads to much shallower information depth. There has been some
debating in the literature on the exact probing depth of TEY-XAS, which was traditionally
believed to be on the level of ~10 nm. However, more recent experimental work
convincingly proved that the probing depth of TEY-XAS is actually much shorter, which
is very close to the escaping length of the primary Auger electrons (only -2 nm for 0 K-
edge in Ta205 60). Moreover, it should be pointed out that the cross sections of fluorescence
and electron decaying channels are often not identical 61, therefore, the spectra collected in
different modes cannot be directly compared.
With regard to performing XAS in ambient pressure, similar to APXPS, one needs to
consider the complications originated from the high gas pressure. Firstly, since it is not
straightforward to integrate fluorescence detectors into ambient-pressure analysis
chambers, currently the APXAS is mainly done by using electron yield. Moreover, the
measurement of sample drain current is often complicated by the sample heating due to the
use of filament-type ceramic heater, therefore AP-XAS is only routinely performed in PEY
mode by collecting electrons with certain energy windows using photoelectron
spectrometers. In this work, both transition metal L-edge, rare earth metal M-edge and 0
K-edge were all collected in PEY-XAS by choosing proper kinetic energy windows for the
photoelectrons detected. Secondly, absorption from the gas phase can be readily observed
at relatively high gas pressure. In ambient-pressure conditions, the X-ray travels for a
certain distance in the gas before reaching the sample surface. During this process, photons
with proper energy corresponding to the edges of elements in the gas molecule will be
absorbed. The additional absorption by the gas phase can interfere with the signal from the
solid surface if the same element exists in both gas and solid phase. For instance, AP-XAS
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spectra on surfaces of oxides measured in 02 atmosphere often show a "dip" between the
pre-edge peak and the edge rising due to the absorption of 02 n* excitation, which may
introduce additional uncertainty into the analysis of the pre-edge peak and electronic
structure of oxides. Consequently, reference spectrum of gas phase is often needed in order
to separate the contribution from gas and solid phases.
2.3.4. Resonant photoelectron spectroscopy (RESPES)
Another X-ray spectroscopic technique is the so-called resonant photoelectron
spectroscopy, which perhaps is not nearly as widely used as XPS and XAS. Nevertheless,
RESPES has been proven to be a very useful tool to provide information on the partial
density of states (pDOS) of different elements in the valence band. 62" The main idea is to
collect energy-dependent valence band photoelectron spectra near the absorption edge of
the element of interest. Take transition metal L2,3-edge as an example, if the photon energy
is lower than 2p-3d transition, then only the direct photoelectron emission process is
possible (3d" + hv + e- + c3d"-', c denotes a core hole in 3d level), which is usually called
off-resonance (off-res) spectrum (see Figure 2-3(c)). On the contrary, if the photon energy
coincides with the absorption edge, then additional transition 2p 3d" 4 f2p 3d"lcan be
activated. The excited state with one additional d electron can undergo so-called interactive
Auger process, which means the excited d electron can jump back to 2p level while transfer
the energy to another 3d electron in the valence band, provide additional photoemission
process. These two processes have the same c3d-' final state, therefore the quantum
interaction leads to the enhancement of the 3d contribution in the valence band and provide
information of the 3d pDOS. In this work, RESPES was successfully applied to two oxide
systems of interest. In Chapter 5, Co pDOS changes in the valence band of SrCoOx was
clarified by using RESPES, during the electrochemically induced phase change. In Chapter
7, RESPES was used to get a clear picture on the contribution of Pr3+ on the defect states
in the band gap of (Pr,Ce)O2-6.
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Chapter 3. Tuning the Surface Oxygen Defect Chemistry of
(Lao.SSro.2)CoO3 via Selective Doping1
Synopsis Segregation and phase separation of aliovalent dopants on perovskite oxide
(ABO 3) surfaces is detrimental to the performance of energy conversion systems such as
solid oxide fuel/electrolysis cells and catalysts for thermochemical H20 and CO 2 splitting.
One key reason behind the instability of perovskite oxide surfaces is the electrostatic
attraction of the negatively charged A-site dopants (for example, SrLa) by the positively
charged oxygen vacancies (Vs) enriched at the surface. In this chapter, we show that
reducing the surface V~ concentration improves the oxygen surface exchange kinetics and
stability significantly, albeit contrary to the well-established understanding that surface
oxygen vacancies facilitate reactions with 02 molecules. We take Lao.8Sro.2CoO3 (LSC) as
a model perovskite oxide, and modify its surface with additive cations that are more and
less reducible than Co on the B-site of LSC. By using ambient pressure X-ray absorption
and photoelectron spectroscopy, we proved that the dominant role of the less reducible
cations is to suppress the enrichment and phase separation of Sr while reducing the
concentration of VJ and making the LSC more oxidized at its surface. Consequently, we
found that these less reducible cations significantly improve stability, with up to 30x
acceleration of the oxygen exchange kinetics, after 54 hours in air at 550 0C achieved by
Hf addition onto LSC. Finally, the results revealed a volcano relation between the oxygen
exchange kinetics and the oxygen vacancy formation enthalpy of the binary oxides of the
additive cations. This volcano relation highlights the existence of an optimum surface
oxygen vacancy concentration that balances the gain in oxygen exchange kinetics and the
chemical stability loss.
3.1. Introduction
The goal of this chapter is to investigate the possibility of enhancing the chemical stability
of perovskites by engineering oxygen defects. Specifically, the effect of chemical doping
' The work in this chapter has been published as the journal article below:
N. Tsvetkov', Q. Lu*, L. Sun, E. Crumlin, and B. Yildiz, Improved Chemical and Electrochemical Stability
on Perovskite Oxides by Oxidizing Cations at the Surface, Nature Materials 15 (2016) 1010-1016, *equally
contributing first author
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is used, which is discussed with details in 1.2. Different from the conventional
homogeneous chemical doping, in this chapter we control the dopants to be localized at the
near-surface region in order to improve the chemical stability of perovskite surfaces. The
chemical instability of the perovskite oxide surfaces due to cation segregation and phase
precipitation limits the performance and durability in multiple applications, including solid
oxide fuel and electrolysis cells (SOFC/SOEC) 61,66, thermochemical67 and photo-assisted 68
water splitting. State-of-the-art SOFC cathode materials, exemplified by Lao.6Sro.4CoO3
(LSC) 69, Lao.6Sro.4Coo.2Feo.803 (LSCF) 70, and Bao.sSro.sCoo8.Feo.203 (BSCF)7 ' suffer from
degradation of surface chemistry and oxygen reduction reaction (ORR) kinetics at elevated
temperatures 72-77. This degradation is because of Sr segregation and separation of SrO-like
insulating phases at the perovskite surface72,74,7&8 1, sometimes in the form of complete
coverage of the surface by SrO79, blocking the electron transfer and oxygen exchange
pathways 82 and leaving a dopant-poor sub-surface region. The consequence is detrimental
for electrochemical performance, by up to two orders of magnitude loss in ORR
kinetics 73' 75. One proposed way against this challenge has been coating of LSC83 84 or
LSCF77 surfaces with several nm thick layers of Lao.8Sro.2MnO3 77' 84 or ZrO283. Although
some enhancement in electrode stability was shown by these surface coatings, the
underlying mechanisms behind the improvement of the cathode stability have not yet been
made clear, making it difficult to go beyond these empirical observations.
The previous work showed that the electrostatic attraction of negatively charged dopants
to the surface that is enriched with positively charged oxygen vacancies was recognized as
an important driving force for Sr segregation on perovskite oxides 74. Consequently, it
provides the opportunity to lower the concentration of oxygen vacancies in order to
improve the surface stability and ORR kinetics, by using the extrinsic effect discussed in
1.2. This may appear contradictory to the well-established understanding that oxygen
vacancies facilitate ORR85 and other reactions of small molecules on transition metal
oxides 86- 88. However, significant degradation of the ORR kinetics because of dopant
segregation and phase separation is also associated with surface oxygen vacancies.
In order to verify the hypothesis that the perovskite oxide surface stability can be tuned as
a function of the reducibility of the surface, Lao.8Sro.2CoO3 is selected as a model system,
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We systematically modified surface with additive cations, whose binary oxides have lower
(V5') 8 9 or higher (Nb5 , Ti4 , Zr4+, Hf4 +, and Al3 +)90- 93 enthalpy of oxygen vacancy
formation compared to that of LSC94 . We introduced these additives to the LSC surface at
sub-monolayer coverages by a simple method using metal chloride solutions, 95 96 and we
refer to these surface modified samples as LSC-Me. We found that the less reducible
cations, i.e. Hf4', Ti4 +, Zr4 *, Nb+ or Al3 +, improve the oxygen exchange kinetics and
stability on LSC, while the addition of V and excess Co lead to stronger degradation. AP-
XPS/XAS 97,98 measurements up to 550 'C revealed that these less reducible cations make
the LSC surface more oxidized and decrease the surface oxygen vacancy concentration,
leading to a smaller electrostatic driving force for Sr segregation.
3.2. Electrochemical performance of LSC with surface chemical modifications
We compared the evolution of the surface oxygen exchange coefficients, k", which
represents the oxygen reduction reactivity of LSC cathodes as a function of time at 530 *C
in air. The LSC films treated with chloride solutions of Co, V, Nb, Zr, Ti, Hf, and Al are
denoted as LSC-Col2, LSC-V12, LSC-Nbl9, LSC-Zrl5, LSC-Til5, LSC-Hfl6 and LSC-
A115, respectively. The numbers indicate the Me/(La+Sr+Co+Me) ratio at/near the film
surface with Me being the added metal cation at the surface. The k obtained from
electrochemical impedance spectroscopy are given in Figure 3-1. Initially, all the samples
have similar k values. Within the first few hours of the measurements, the surface
exchange kinetics degraded with varying extents on the different samples. The LSC, LSC-
Co12, and LSC-V12 electrodes degraded most severely, with almost 1.5 orders of
magnitude decrease of k within the 30 hours of testing. The LSC-Ti 15, LSC-Zrl5, LSC-
Hfl 6, LSC-Nb 19 and LSC-Al 15 cathodes were more stable, with the best performance by
LSC-Hfl6 having more than 30 times faster oxygen exchange kinetics than that on LSC
after 54 hours.
The morphology of the electrochemically tested cathode surfaces, shown in Figure 3-1(b),
indicates the correlation of the electrochemical stability to the surface chemical stability.
On the films with fast degradation of kg, i.e., LSC and LSC-V12, a large surface roughness
and particle coverage is evident. Electrochemically stable films such as LSC-Ti 15, LSC-
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A115 and LSC-Hfl6 have more stable surface morphology with significantly lower
roughness. The previous investigation on the nature of these segregated particles on
cobaltites identified them as an insulating SrO-related phase which degrades the surface
oxygen exchange7 2 . From these results, it is clear that the addition of the less reducible
cations prevents the segregation of insulating Sr-rich phases, and improves the
electrochemical stability and kinetics significantly (> lOx) compared to pristine LSC.
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Figure 3-1 Surface oxygen exchange kinetics and stability on LSC dense thin film
cathodes. (a) The oxygen surface exchange coefficient, k", quantified from
electrochemical impedance spectroscopy measurements over time at 530 *C in air, for
the LSC and LSC-Me films. (b) Atomic force microscopy images on the LSC, LSC-
V12, LSC-Nbl9, LSC-Til5, LSC-Hfl6, and LSC-A115 films that were
electrochemically tested as shown in (a).
3.3. Evolution of surface chemical composition
AP-XPS on the pristine LSC and the LSC-Ti3, LSC-Til5, and LSC-Hfl6 films provided
more detailed assessment of the surface chemical stability. The experiments were
conducted in oxygen pressure (p02) from 10-6 Torr to 0.76 Torr and up to 550 *C. The
analysis of the Sr 3d photoelectron spectra allows to quantify the atomic concentration of
Sr at the film surface, and also the Sr binding environments in the perovskite lattice and in
a non-lattice phase at the surface ([Sr]ttice and [Sr]Non-lattice, respectively)99 . The chemical
composition analysis showed that the total Sr content and the non-lattice Sr concentration
is higher on LSC compared to that on LSC-Ti3, LSC-Til 5, and LSC-Hfl 6. LSC-Ti 15 and
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LSC-Hfl 6 have significantly more stable surface Sr composition compared to LSC.
[Sr]Tota/([Sr]+[La]) at the film surfaces is shown in Figure 3-2. The LSC-Hfl6 and LSC-
Til5 films showed only a small increase in the Sr content up to 550 'C. Under the same
conditions, [Sr]Tota/([Sr]+[La]) significantly increased on the bare LSC and on LSC-Ti3.
We also confirmed that the environment temperature and oxygen pressure govern the Sr-
chemistry evolution shown in Figure 3-2, and not temporal variations at each condition.
The large amount of [Sr]Non.-lattice on the LSC and LSC-Ti3 films (Figure 3-2(b)) are in good
agreement with the large coverage of their surface with the segregated particles detected
from ex situ AFM (Figure 3-2(d)). Thus, the [Sr]Non-lattice signal can be reasonably attributed
to the signal from SrO-rich phase-separated areas of the films 72 . The LSC-Hfl6 and LSC-
Til5 samples have a significantly smaller amount of [Sr]Non.-lattice (Figure 3-2(b)), a much
more stable surface chemistry, with relatively very small amount of phase-separated
particles at the surface (Figure 3-2(d)).
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Figure 3-2 Surface chemical stability on LSC dense thin films. (a) [Sr]Tota/([La]+[Sr]),
(b) [Sr]Non-latice/([La]+[Sr]), and (c) [Sr]iattice/[Co] ratios at the surface of the LSC and
LSC-Me thin films measured in situ at different temperature and oxygen partial
pressures by AP-XPS. (d) Ex situ atomic force microscopy images of the LSC and LSC-
Me films after the AP-XPS measurements in (a).
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3.4. Electronic structure and vacancy concentration on LSC-Me surfaces relative
to LSC
In order to reveal the mechanism for improved LSC surface stability with the less reducible
cations, we measured the X-ray absorption spectra near the Co L 2,3- and 0 K-edges and the
valence band (VB) structure, from 10-6 Torr to 0.76 Torr ofpO2 and up to 550 *C. The Co
L2,3-edge spectra recorded at different conditions for the LSC-Hfl 6 film are given in Figure
3-3 as an example. Chemical shifts of the Co L3-edge main peak were used for estimating
the change in the Co oxidation state. Figure 3-3(b) summarizes the Co L3-edge position on
for LSC, LSC-Ti3, LSC-Til5, and LSCF-Hfl6 measured at 300 *C, 0.76 Torr. The x-axis
in Figure 3-3(b), from left to right, points towards an expected lowering of the oxygen
vacancy formation enthalpy, or equivalently an expected increase of the oxygen vacancy
concentration (based on the effects of Hf and of Ti at different amounts). An increase by
+1 in the Co valence, for instance, from Co 3 to Co4 +, shifts the L3-edge position by about
1 eV towards higher photon energies' 00. Comparing the peak positions of Co L3-edge in
Figure 3-3(b), a clear difference in Co valence state among these samples can be seen. At
300 0C, 0.76 Torr, the Co oxidation state increases from LSC to LSC-Ti3, LSC-Til5, and
LSC-Hfl6 (Figure 3-3(b)). The shift in L3-edge position by about +0.4 eV should
correspond to an increase of the Co oxidation state by about +0.4 on LSC-Hfl 6 compared
to that on LSC. This trend, at a first glance, is contrary to the fact that Ti4* and Hf** are
electron donors, assuming that these cations occupy the Co positions in the perovskite
structure. Therefore, the large difference between the L3-edge positions of the unmodified
LSC and -the LSC-Hfl6 can only be rationalized by a difference in the oxygen vacancy
concentration. That is, Hf at the surface decreases the oxygen vacancy concentration,
leading to an effectively higher oxidation state of Co. This resulting trend matches
qualitatively what we expect based on the oxygen vacancy formation enthalpies in HfO 2,
TiO 2, and LSC, also shown in Figure 3-3(b). Increasing Co oxidation state (i.e. decreasing
surface oxygen vacancy concentration) matches the trend of increasing enthalpy of oxygen
vacancy formation, A HJ, such that A HJ(HfO2)> AH/(TiO2)> A HJ(LSC)). Note in Figure
3-3(b) that the dashed arrows do not imply a quantitative linearity, but are only a guide to
the eye to show the qualitative relation between the Co oxidation state and the reducibility
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of the binary oxide of the cation added to the surface. We have excluded the possibility
that the different oxidation states from LSC to LSC-Hfl 6 are caused by different levels of
Sr doping, as discussed based on AP-XPS results. It is worth to note that we have limited
the comparison of the Co L3-edge among the samples to the condition at 300 'C, 0.76 Torr,
prior to significant Sr segregation on LSC and LSC-Ti3.
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Figure 3-3 Oxidation state of Co based on Co L2,3-edge XAS on LSC dense thin films.
(a) Co L2,3-edge X-ray absorption spectra on LSC-Hfl6 at different temperatures and
oxygen partial pressures. The line marks the Co Lk-edge main peak at 300 *C and 0.76
Torr as a reference, to monitor the relative changes in Co oxidation state. (b) The Co L3-
edge peak positions at 300 C 0.76 Torr for LSC, LSCi SC-Ti15, and LSC-Hfl6
are shown by the solid symbols. The arrow under the x-axis shows the direction of
decreasing Co oxidation state, i.e. increasing oxygen vacancy concentration. The open
symbols represent the oxygen vacancy formation enthalpy for binary oxides Hf 2 93
Tio290 and also LSC9. The dashed arrows in (b) aredge ito the eye and do not imply
a quantitative linearity.
We next show that the evolution of the valence band (VB) as well as the 0 K-edge spectra
also support a more oxidized surface when LSC is modified by Hf and Ti, consistent with
the Co L2,3-edge XAS above. The VB spectra of LSC and LSC-Hfl6 films at different
conditions are shown in Figure 3-4(a,b). For the LSC, the intense peak located at around
1.5 eV at 300 *C arises from the Co t2g states hybridized with the 0 2p states'01 . On the
other hand, on LSC-Hfl 6, this peak was absent at the same condition. The intensity of this
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peak is tied to the number of electrons at the Co t2g orbital101 , and provides information on
the Co oxidation state. Therefore, the absence of this peak on LSC-Hfl 6 indicates that Co
is more oxidized than on LSC, in line with the Co L-edge XAS results.
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Figure 3-4 Oxidation state on LSC based on valence band and 0 K-edge. (a, b) Evolution
of the valence band structure from X-ray photoelectron spectra measured in situ on (a)
LSC and (b) LSC-Hfl6. The arrow indicates the low energy peak which reflects the
hybridization of Co t2g states with the 0 2p orbital. The greater the intensity of this peak,
the more electrons in the t2g states of Co. (c, d) 0 K-edge spectra of (c) LSC and (d)
LSC-Hfl 6 films at different temperatures and oxygen partial pressures. The dashed lines
in each plot mark the position of the 0 2p ligand hole peak. The presence of this peak
indicates p-type doping and therefore an increased Co oxidation state, as seen on LSC-
Til5 and LSC-Hfl6.
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Figure 3-4(c,d) summarize the evolution of the 0 K-edge spectra on LSC and LSC-Hfl6
films. In line with the unchanged valence band structure (Figure 3-4(b)), the 0 K-edge
spectra on LSC-Hfl 6 remained unaltered throughout the measurements. A sharp pre-edge
peak at around 528 eV (shown by the arrows in Figure 3-4(d)) indicates the existence of 0
2p ligand holes on LSC-Hfl6102. In contrast, this peak was absent on LSC at 300 'C and
PO2 of 0.76 Torr. The presence of this peak indicates increased p-type doping and a more
oxidized Co on LSC-Hfl 6 compared to that on LSC. The evolution of VB and 0 K-edge
on LSC-Ti3 were essentially similar to those of LSC. With a higher concentration of Ti as
on LSC-Ti 15, the spectra were similar to those of LSC-Hf indicating also a more oxidized
Co valence at the surface.
At 450-550 0 C, the VB as well as O K-edge XAS of LSC and LSC-Hfl6 become similar,
with the disappearance of the Co t2g-O 2p peak on LSC, as well as the appearance of the
ligand hole pre-edge peak on LSC. The variations of the [Sr]attice as a function of
temperature can explain this behavior. Raising the temperature up to 450-550 'C
substantially increases the [Sr]uatice/[Co] (Figure 3-2(c)) on LSC and LSC-Ti3. The larger
Sr doping level in the near-surface region is charge compensated by Co becoming more
oxidized. This decreases the intensity of Co t2g-O 2p peak in the VB and forms the 0 2p
ligand hole peak in the 0 K-edge spectra on LSC and LSC-Ti3 at 450-550 'C. As a result,
at 300 'C the difference in the VB and 0 K-edge among the samples is mainly due to a
difference in oxygen vacancy concentrations. On the other hand, at 450-550 'C the
enrichment of [Sr]attice near the surface of LSC governs the evolution of the VB and the 0
K-edge spectra.
3.5. Bonding environment of the surface additive cations
AP-XAS also allow for extracting the local bonding environment of the cations added onto
the LSC surfaces. Figure 3-5 shows the Ti L2.3-edge on LSC-Til5 under different
measurement conditions. Each L2,3-edge shows two peaks due to the crystal field splitting
(t2g and eg states). Comparing the Ti L2,3-edge XAS with the spectra reported in literature
on TiO210 3 and SrTiO3 04 , we found that the deposited Ti cations on LSC are not
coordinated as in TiO2. Rather, the spectra shape indicates that Ti sits in an octahedral
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crystal field similar to that of perovskite SrTiO3 104, schematically shown in Figure 3-5.
This suggests that the Ti cations possibly occupy Co sites in the perovskite lattice of LSC
at the surface. By occupying the B-sites in the perovskite, the presence of Ti on LSC can
largely change the electronic structure and the oxygen vacancy formation energy of LSC.
Hf, Zr or Nb could not be examined by XAS due to the photon energy of the experiment
beamline being limited to 900 eV. Nevertheless, it is known that all of these tested cations
can occupy B-sites in perovskite oxides 105-108. Therefore, it can be reasonably assumed that
similar perovskite-like bonding environments would be obtained also for these transition
metal cations. Their presence as dopants into the Co-site of LSC alters the oxygen vacancy
formation energy at LSC surface because the bonding between the added metal cations and
oxygen is much stronger than the Co-O bonds.
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Figure 3-5 Coordination environment of Ti on LSC-Til 5. Ti L2,3-edge X-ray absorption
spectra under different measurement conditions. The dashed lines mark the separation
of t2g and eg peaks in both the L2 and the L3 edges. Schematic representation of the
evolution of the Ti coordination at the LSC surface, from disordered at 300 *C to
perovskite coordination of Ti atoms at the B-site of LSC at 450-550 'C (visualized using
the VESTA software' 09).
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3.6. General effect of the surface additive cations on the Sr segregation and ORR
kinetics
Having collected the measurements on the changes to surface chemistry and electronic
structure induced by additive cations, it is now possible to summarize the effect of the less
reducible additive cations on Sr segregation. Upon incorporation into the perovskite lattice
at the surface, the less reducible cations, Me5o, can impact the LSC electronic structure
and stability in three possible ways: i) Me5o decreases the surface V" concentration (and
lead to a more oxidized Co), and thus, suppress the electrostatic attraction of SrLa toward
the surface, ii) Me5, provides donor doping and decreases the Co oxidation state, or iii)
MeC0 attracts SrLa toward the surface because of their own positive charge. Based on the
obtained AP-XPS and XAS data above, we found that ii) and iii) are not evident, while a
more oxidized Co is dominant (i.e., outcome i) as shown in Figure 3-4. This proves that
the most likely main effect of the surface doping is to decrease the surface V~ concentration
(and thus the positive charge) and to relieve the electrostatic attraction of SrLa toward the
surface, thereby suppressing the phase-separation of Sr-rich particles (Figure 3-1&2).
It is intriguing to observe that faster and more stable oxygen exchange kinetics was
achieved with a decreased oxygen vacancy concentration on LSC. This finding is shown
explicitly by the volcano-like dependence of the oxygen exchange kinetic coefficient, k",
on the difference between the enthalpy of oxygen vacancy formation in the corresponding
binary oxide (i.e. MeOx) and that in LSC (Figure 3-6). In this plot, we chose the phases of
the binary oxides that are thermodynamically stable under our experimental conditions.
Based on this plot, we propose A/ HI-I of binary oxides MeOx as a descriptor for the stability
of oxygen exchange or ORR kinetics on LSC-Me. As shown in Figure 3-6, kq increases
with increasing ALHJ(MeOx), reaching peak at LSC-Hf among the tested compositions here.
Further increase of AHJ(MeOx) leads to a slower ORR kinetics seen on LSC-Al. We
attribute the increase in k with increasing AH/(MeOx) to the decreased surface oxygen
vacancy concentration that reduces the electrostatic attraction of Sr and stabilizes the
surface cation composition. Further increase of oxygen vacancy formation enthalpy by
adding Al onto the surface did not lead to faster ORR kinetics (although it did improve the
surface composition stability as shown in Figure 3-1(b)), likely because of a too low
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concentration of surface oxygen vacancies as reactive sites. This volcano plot, to some
extent, challenges the well-accepted knowledge that a high oxygen vacancy concentration
is desirable in facilitating oxygen exchange kinetics on transition metal oxides 85,87- 89. It is
true that oxygen vacancies do facilitate reactions with oxygen molecules by providing the
necessary reaction sites. However, they also drive the detrimental Sr segregation process
which slows down the ORR kinetics. We believe that the same concept is applicable not
only to LSC but also to other state-of-the-art perovskite oxide catalysts, such as LSCF and
BSCF.
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Figure 3-6 Dependence of oxygen surface exchange kinetics on the reducibility of the
LSC surface. The oxygen surface exchange kinetics of LSC-Me, represented by the
kinetic coefficient kq, exhibit a volcano-like dependence on the enthalpy of oxygen
vacancy formation (IAH/) in the binary oxides, MeOx. The x-axis is the difference
between the AI-IJ of the binary oxides (i.e. V205 (a-phase, orthorhombic) 89, Nb 20 5 (a-
phase, orthorhombic) 92, TiO2 (rutile phase)89'9 1, ZrO2 (monoclinic phase)", HfO2
(monoclinic phase)", and A12 0 3 (a-phase, hexagonal) 90) and that of LSC. The y-axis
shows the oxygen exchange coefficient, kq, on LSC-Me, where the surface Me
concentrations are within 12-19%, measured after 27 hours of testing at 550'C in air.
The dashed line is a guide for the eye only.
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3.7. Conclusion
A significant improvement in surface chemical and electrochemical stability on a model
perovskite electrocatalyst LSC was achieved by tuning oxygen vacancy concentration at
the near surface region. This example highlights the importance of oxygen point defects
discussed in 1.1 as well as the extrinsic effect discussed in 1.2. The best performance was
achieved by Hf modification of the surface, giving rise to 30 times faster oxygen exchange
kinetics than that on the unmodified LSC after 54 hours at 530 *C. The dominant effect of
introducing these cations on the surface chemistry of LSC was two-fold: i) they reduce the
Sr enrichment and phase separation into insulating particles at the surface, and ii) they
induce an effectively more oxidized surface with a lower concentration of oxygen
vacancies. Both of these outcomes were consistently shown by the Co L2,3-edge, 0 K-edge
and the VB structure obtained by AP-XPS/XAS. We believe i) is an outcome of ii) - that
is, the decrease in the surface oxygen vacancy concentration and the positive charge
consequently decreases the electrostatic driving force for SrLa segregation towards the
surface and phase separation. Ti L-edge spectra showed that the additive cations enter a
perovskite-like coordination on LSC. Based on this we propose that the surface additive
cations serve as dopants and can largely alter the surface electronic structure and reduction
enthalpy on LSC. Lastly, we revealed a volcano relation of the stability of the ORR kinetics
to the oxygen vacancy formation energy at the surface. This volcano plot indicates that one
can optimize the performance of the perovskite type electrocatalysts by finding an optimum
oxygen vacancy concentration that balances the gain in ORR kinetics and the chemical
stability loss. The proposed approach provides a feasible and novel way of designing stable
and highly reactive perovskite oxides for electrochemical applications.
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Chapter 4. Electrochemically Triggered Topotactic Phase
Transition in SrCoO.2
Synopsis Topotactic phase transition of functional oxides induced by changes in oxygen
non-stoichiometry can largely alter multiple physical and chemical properties, including
electrical conductivity, magnetic state, oxygen diffusivity and electro-catalytic reactivity.
For tuning these properties reversibly, feasible means to control oxygen non-
stoichiometry-dependent phase transitions in functional oxides are needed. This chapter
describes the use of electrochemical effect to induce phase transition in strontium
cobaltites, SrCoOx (SCO) between the Brownmillerite (BM) phase, SrCoO2.5, and the
perovskite (P) phase, SrCoO036. To monitor the structural evolution of SCO, in situ X-ray
diffraction (XRD) was performed on an electrochemical cell having (001) oriented thin-
film SrCoOx as the working electrode on a single crystal (001) yttria stabilized zirconia
electrolyte in air. In order to change the effective PO2 in SCO and trigger the phase
transition from BM to P, external electrical biases of up to 200 mV were applied across the
SCO film. The phase transition from BM to P phase could be triggered at a bias as low as
30 mV, corresponding to an effective PO2 of 1 atm at 500 'C. The phase transition was
fully reversible and the epitaxial film quality was maintained after reversible phase
transitions. These results demonstrate the use of electrical bias to obtain fast and easily-
accessible switching between different phases as well as distinct physical and chemical
properties of functional oxides as exemplified here for SCO.
4.1. Introduction
As detailed in Chapter 1, the ability to precisely control oxygen non-stoichiometry is a
prerequisite for controlling perovskite oxide properties reversibly. The range of
controllable physical or chemical properties usually scales up with the tunable range of
non-stoichiometry. Therefore, a large oxygen non-stoichiometry incorporated in
perovskites has the potential to induce drastic changes in functionalities, and thus can be
highly desirable for certain applications. In pursuit of this goal, it was found that high
2 This chapter is adapted with permission from the journal paper below:
0. Lu and B. Yildiz, Voltage-controlled Topotactic Phase Transition in Thin-film SrCoO Monitored by in
situ X-ray Diffraction, Nano Letters 16 (2016), 1186-1193. Copy right 2016 American Chemical Society.
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oxygen non-stoichiometry can be accommodated in some perovskite-related oxides, ABOx
with x = 2.5, by forming ordered oxygen vacancy channels. Examples include CaFeO2.5",
SrFeO2.5 I 2 and SrCoO2.5 1 3 . Upon the formation of these ordered oxygen vacancy
channels, the perovskite (P) phase is transformed to a Brownmillerite (BM) phase, with
alternating octahedral B06 and tetrahedral B04 layers (B=Fe or Co). This topotactic phase
transition enables one to store and release large amounts of oxygen by ordering and
disordering of oxygen vacancies. This ability is important for catalysis applications" 4'" 5.
Moreover, due to the distinct electrical' 1 2 and magnetic 16 properties of BM and P phases,
controlling the oxygen non-stoichiometry and the associated phase can allow one to
reversibly switch the physical properties of this oxide system. This ability is of particular
interest for novel memory applications. One of the model systems for studying this phase
change is strontium cobaltite, denoted as SCO, with the BM phase SrCoO2.5 and the P
phase SrCoO3.8, where 6 represents the oxygen sub-stoichiometry. However, the oxidation
from BM phase to P phase for bulk SCO is difficult, usually requiring a long time (tens of
hours) of annealing in high oxygen pressure (pO2>5 0 bar) at high temperatures (>300
,C) 17, or the use of aggressive wet-chemical oxidants such as bromine 18 . Recently, it was
shown by Jeen et al."19'1 4 that SCO nanoscale thin films grown epitaxially on single crystal
substrates can be reversibly oxidized and reduced in much milder conditions (~300 'C in
5 bar ofpO2) compared to that required for bulk samples. Also the kinetics for the phase
transition is much faster due to extremely small diffusion lengths for oxygen to be
incorporated into the thin films. This work noted the possibility to control the SCO
catalytic, electrical and magnetic properties within easily accessible temperature and
oxygen pressure conditions. However, to switch the environment between the PO2 of -5
atm and ~10-6 atm is still not feasible for practical device operation. Instead, if one can
utilize an external stimulus to trigger the phase transition without changing the gas
atmosphere, it would be more accessible and practical for reversibly controlling the
electrical and magnetic properties of this material. Therefore, in this part of work, we
consider a solid state electrochemical method as a means to induce the phase transition
based on oxygen non-stoichiometry without changing the atmosphere. This idea is detailed
as the electrochemical effect on tuning oxygen defect chemistry described in 1.2.
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The aim of this part of work is to verify the concept of voltage-controlled oxygen non-
stoichiometry and extend it to structural phase transition, by using SCO as a model system.
We used in situ X-ray diffraction (XRD) to measure the lattice phase transitions in SCO,
simultaneously with electrical biasing on solid oxide electrochemical cells. An external
electrical bias was applied to the electrochemical cell consisting of a dense -40 nm thick
film of SCO as the working electrode, Y203-stabilized ZrO2(YSZ) electrolyte with a Gd-
doped CeO2 (GDC) interlayer, and a porous Ag counter electrode. XRD measurements
were performed in situ to probe the phase and lattice parameter of the SCO electrode while
controlling the electrical bias, temperature and oxygen pressure. The results clearly showed
that one could tune the phase of SCO by applying an electrochemical potential reversibly.
The implication of this work is two-fold. First, this work aims to demonstrate non-
stoichiometry dependent phase transitions via voltage control in complex functional oxides
using the model system SCO. Due to the highly distinct electrical conductivity of BM and
P phases in this material, SCO is considered as a potential material for resistive switching
(as memristor)1 20. The mechanism for electric field induced change in the resistance state
in SCO has not been clarified in literature 20, although voltage induced phase transition
between BM and P was speculated as a likely mechanism. Therefore, the demonstration of
reversible voltage-control of the BM-P transitions can provide a more solid understanding
of the mechanism behind resistive switching in SCO. Second implication is on the
relevance of SCO and similar perovskite-related oxides for energy conversion and storage
applications such as SOFC cathodes. It is important to assess the possible structural and
chemical changes under non-open circuit voltage conditions of such cathodes. Finite
voltage conditions can induce a very large variation of effective PO2 in the electrode
material. If there is indeed a drastic change in the structure and chemical state in the oxide
electrode, as can happen in SCO, then the ionic and electronic transport properties as well
as the reactivity121,122 and stability 7 of these oxides are largely altered. Therefore, this work
can be helpful for identifying the electrochemical potentials that lead to the transitions in
phase and electrical properties at SCO electrodes.
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4.2. Structural and surface morphology characterizations of SrCoO2.5 thin film
Structural and surface morphology characterizations on SCO/GDC/YSZ samples are
summarized in Figure 4-1. High-resolution XRD 20-ow scan showed that SCO thin film
grown on GDC/YSZ was (001)-oriented BM phase. This orientation indicates that the
ordered structural oxygen vacancy channels in BM-SCO are parallel to the thin film
surface, consistent with previous reports on thin SCO films 2 3 . The out of plane lattice
parameter calculated from XRD data was c=1 5.8050 A, which is larger than the bulk lattice
parameter of SCO (c=15.7450 A). This difference is likely due to the in-plane compressive
strain introduced by the GDC buffer layer. GDC has a lattice parameter of a=5.3987 A,
which is corresponding to aN2=3.8174 A, while SCO has a larger pseudo-tetragonal lattice
parameter of at=3.905 A. X-ray Reflectivity (XRR) scan showed clear thickness fringes
and a modulated pattern due to the two-layer thin film structure including the SCO and
GDC layers. This indicates good film quality and smooth interfaces. A film thickness of
-40 nm can be extracted from the XRR fringes. AFM image of a 2 pmx2 pm scan area
showed a smooth surface and faceted surface terraces were visible. A root mean square
(RMS) roughness of 0.5 nm was calculated based on the AFM image.
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Figure 4-1 (a) Schematic (not to-scale) of the BM-SCO thin film on YSZ substrate with
a GDC buffer layer. (b) The high-resolution X-ray diffraction data of 20-0o scan, (c) X-
ray Reflectivity data, and (d) the AFM image showing the surface morphology on the
as-deposited SCO thin film.
4.3. High temperature X-ray diffraction (HTXRD) on SrCoOx thin film
In order to examine any phase transition behavior induced by changing the oxygen partial
pressure (p02) in the atmosphere at high temperature, in situ high-temperature XRD was
performed (refer to 2.2 for details). The sample was held at a constant temperature of 500
0C, while the PO2 in the furnace chamber was changed systematically from 10 to 1 atm.
The results are shown in Figure 4-2. Two diffraction peaks were monitored in order to
detect possible phase change, and a clear difference in these two peaks was observed when
the PO2 was changed. BM phase (002) peak is the unique "fingerprint" for the presence of
BM phase. It is the so-called half-order peak since the origin of this peak is the layered
oxygen vacancy structure in BM phase. If the oxygen vacancies are disordered as in the
case of P phase, then this peak should be suppressed. As shown in Figure 4-2, the (002)
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peak disappeared when the oxygen partial pressure was increased from reducing condition
at 10-5 atm to oxidization condition at 1 atm, which reveals that the thin film was
transformed from BM phase to P phase. Also, the BM phase (008) diffraction peak was
observed to shift to higher angles upon the phase transformed from BM to P. This is
because P phase has a smaller lattice parameter compared to the BM phase. For example,
for bulk samples at room temperature BM phase has a lattice constant of c/4=3.9363 A
while P phase has ap=3.8289 A. In summary, in situ XRD data at 500 *C showed that BM-
SCO thin film can be transformed to P-SCO by simply increasing pO2 to 1 atm. Compared
to the temperature andpO2 needed for transforming bulk SCO reported in literature"7, this
condition is more feasible.
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Figure 4-2 In situ XRD results on SCO thin film sample at 500 *C as a function of
oxygen gas pressure, p02. BM phase (002) peak and (008) peak are shown marked by
dashed lines. Upon phase transition from BM-SCO to P-SCO, the BM (008) peak is
transformed to the P (002) peak and the BM (002) peak disappears.
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4.4. In situ X-ray diffraction of SrCoOx thin films
Figure 4-3 summarizes the results of XRD experiments with electrical biasing at 500 'C
andpO2 = 0.21 atm on the electrochemical cell. Similar to that in Figure 4-2, two diffraction
peaks, i.e. the BM-SCO (002) and (008) peaks, were highlighted to follow the phase
transition in the SCO thin film. Both peaks showed clear changes as the applied electrical
bias was increased from 0 mV up to 200 mV. Impedance spectroscopy showed that about
75% of the applied bias was on SCO WE (See Figure 4-4). Therefore, the maximum
electrochemical potential applied at the SCO electrode in these experiments was -150 mV.
For identifying the phase transition conditions, in the rest of this chapter, we will refer to
the electrochemical potential applied on SCO WE instead of the total electrical bias applied
on the cell. The half-order BM-SCO (002) peak (Figure 4-3(a)) was present when no bias
was applied, consistent with the starting phase being BM, and remained the same up to
22.5 mV of electrochemical potential on SCO. When the SCO potential was increased
above 22.5 mV, the intensity of the peak decreased and finally was fully suppressed. The
suppression of this peak proves that oxygen intercalated into the SCO thin film and
disordered the vacancy structure while transforming the thin film to P phase. This bias-
induced phase transition is also supported by the change in the BM (008) peak, shown in
Figure 4-3(b). The BM (008) peak is at 26= 45.318' without any bias applied. When 22.5
mV of electrochemical potential was applied, an extra peak at higher 26 position of 46.290'
appeared, consistent with the position of the P (002) peak. This extra peak suggests that
the film is partially transformed to the P phase. When higher bias was applied, the BM
(008) peak was suppressed and only the higher angle P (002) peak is present. Again, this
peak shift explicitly shows that the applied electrochemical potential on SCO induces the
phase transition in SCO from BM to P.
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Figure 4-3 In situ XRD results on SCO thin film when different electrochemical
potentials were applied at 773 K and 0.21 atm of p02. The changes in two diffraction
peaks, (a) the BM-SCO (002) peak (half-order peak) and (b) the BM-SCO (008) or P-
SCO (002) peak are shown as a function of applied electrochemical potential, 17, at the
SCO electrode. The effective oxygen pressure, pO e, was calculated based on the
electrochemical potential at the SCO electrode according to the Nernst equation.
The pOff in the SCO electrode (also shown in Figure 4-3) can be calculated using the
Nernst equation as described above. In this experiment, P 0 2 is the oxygen partial pressure
in the atmosphere, which is 0.21 atm, and temperature is 773 K, and 17 is the
electrochemical potential drop between the SCO electrode surface and SCO/YSZ interface.
Based on 17 between 22.5 mV to 30 mV for the transition point, pOeff at the onset of
BM4P phase transition is found as ~1 atm (between 0.81 atm effectively at 22.5 mV and
1.27 atm effectively at 30 mV). This value is consistent with the phase transition found at
- atm by varying only the pO2 at 773 K as shown in Figure 4-2. This finding shows that
P 0 2 that is effectively changed by electrical stimuli has the same result on the BM4P
phase transition induced by oxygen non-stoichiometry as does the actual gas PO2.
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Figure 4-4 Electrochemical impedance spectroscopy (EIS) measurement on the
SCO/GDC/YSZ/Ag electrochemical cell measured at 5000 C in air. The EIS
measurement was performed between each consecutive XRD measurement at the same
conditions. The intercept is attributed to the resistance of YSZ, while the semicircle arcs
at intermediate and low frequencies correspond to the resistance of the Ag counter
electrode and the SCO working electrode, respectively. It could be estimated that Rsco/(
Rsco+Rysz +RAg) ~ 0.75, which means that about 75% of the applied electrical bias can
be converted to the electrochemical potential applied on SCO. The inset shows the
equivalent circuit used for fitting the EIS data, which consists of a resistance for YSZ
and two parallel connected resistance and constant phase element (CPE) for Ag CE and
SCO WE.
One crucial point for this study is that the surface exchange reaction has to be rate limiting
for the Nernst equation to be valid. In this experiment, we believe that the kinetics of
oxygen incorporation at the SCO electrode surface, rather than the oxygen diffusion in the
SCO bulk, is the rate-limiting step. This is based on the following two facts. First, the
electrochemical impedance spectroscopy (EIS) data, which were collected during in situ
XRD measurements, did not show the characteristics for a diffusion-limited rate-limiting
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step (Figure 4-4). If oxygen diffusion is the limiting step, then the EIS data should show a
Warburg element with 450 straight line at the low-frequency regime. However, we did not
observe that, and on the contrary, a slightly compressed semicircle was observed at low
frequency, which is typical for cases limited by surface oxygen incorporation. Second, as
noted above in Figure 4-3, we compared the structural evolution of the SCO electrode by
only changing the actual gas PO2 in the environment and by applying electrochemical
potential. We found that these two results were equivalent, i.e. the BM->P phase transition
can be triggered either by an actual p02 of about 1 atm, and by the electrochemical potential
applied on SCO to give a poeff of about 1 atm. We note that this consistency can only be
achieved when the oxygen diffusion in SCO is not rate-limiting. If the oxygen diffusion is
the rate-limiting step, then there will be a gradient of poef inside the SCO electrode bulk.
This would require then a much higher electrochemical potential applied to obtain the
Poeff above 1 atm in the whole thin film to be transformed to P-SCO. However, this is
not what we found. Therefore, we can assert that in our case, the oxygen surface
incorporation is the rate-limiting step during in situ XRD measurements.
The BM (008) and the P (002) peaks were used for calculating the out-of-plane lattice
parameters of SCO thin film as a function of electrochemical potential applied on SCO as
shown in Figure 4-5. A sharp drop at around 22.5 mV was found. With increasing potential,
the lattice parameter of SCO becomes smaller, especially for the P-SCO phase due to
chemical contraction2,5 3 . An increasing positive electrochemical potential increases the
pOff in SCO, decreases the oxygen vacancy concentration, and thus, decreases the lattice
parameter. Lattice contraction with increasing effective PO2 found here is consistent with
the behavior of other perovskite oxides 53 .
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Figure 4-5 Out-of-plane lattice parameters of BM-SCO and P-SCO extracted from in
situ XRD data shown in Figure 4-3, as a function of electrochemical potential at the SCO
electrode, collected at 500 *C in air.
In order to assess whether the SCO film retains its physical integrity and epitaxy during
phase transformation, the change of in-plane lattice parameter during the phase transition
was probed by in situ reciprocal space mapping (RSM). Figure 4-6 shows the results of
RSM on SCO thin film at 300 *C. The BM-SCO (10.2) spot was present in the reciprocal
space at 300 *C without any applied bias. By calculating the lattice parameter from qx in
RSM, we found that the in-plane compressive strain is partially relaxed, which is
presumably due to the relatively large thickness of the thin-film SCO (-40 nm) and the
relatively large lattice mismatch between BM-SCO (a = 3.905 A) and GDC (a/V=3.817
A). Upon anodic bias application, BM-SCO (1012) spot disappeared and the P-SCO (103)
spot appeared at a higher qz position. The key point from the Figure 4-6 is that while the qz
clearly changed, the qx position did not change during the transition from BM to P phase.
The increasing of qz indicates a decrease in the out-of-plane lattice parameter from BM to
P phase, consistent with the out-of-plane lattice parameter deduced from the 20-wo scans
and plotted in Figure 4-5. The unchanged qx reveals that the in-plane lattice parameter of
SCO thin films were essentially clamped by the substrates and was not free to move during
the phase transition. The clamping of the in-plane lattice parameter can introduce large
stresses to the oxide thin film during the phase transition. Here however, the lattice
68
parameter of the P-SCO is smaller than that of the BM-SCO, and therefore, it is closer to
that of the GDC interlayer. It is intriguing and worthwhile to further investigate in the
future whether this reduced mismatch (stress) at the film/substrate interface has any
facilitating effect on the phase transition of SCO in thin film structures.
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Figure 4-6 In situ reciprocal space maps (RSM) collected for (a) BM-SCO, without bias
applied and (b) P-SCO upon phase transition from BM to P with 4V applied bias. qx and
qz are the in-plane and out-of-plane reciprocal lattice spacings, respectively. The
BM(1012) peak was measured at 300 'C with no bias applied. The P(103) peak was
measured when a bias of 4V was applied to the electrochemical cell. The vertical dashed
line shows that the in-plane lattice. (c) RSM combining both the P(103) and the
BM( 1012) diffraction spots, which were observed one at a time, as indicated in (a) and
(b). The dashed line indicates that the in-plane lattice parameter is essentially the same
for BM and P phases before and after the phase transition.
The phase transformation from BM-SCO to P-SCO is also seen in the electrical signature
of the thin film sample. The chronoamperometry (i.e. current-time, I-t) curves were
measured during the in situ XRD experiment, as summarized in Figure 4-7. The process
taking place in the electrochemical cell upon application of an external potential is similar
to potentiostatic coulometric titration. Therefore, one would expect an exponential-like
relaxation curve for the measured I-t curve1 3 if the electrode does not change its phase.
However, the measured I-t curves under high electrochemical potential behaved
anomalously, and did not show a simple exponential relaxation. Figure 4-7(a) and (b)
highlight the evolution of the I-t curves with increasing electrochemical potential at the
SCO electrode. The striking feature shown here is that the I-t curve shapes started to deviate
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from single-exponential curves, developing to shapes with an inflection point. This
deviation can be observed in the early stage under an electrochemical potential of~30 mV,
which is near the transitional point from BM to P phase as shown in Figure 4-3. Under
higher electrochemical biases, the shapes of the I-t curves were changed more appreciably.
Therefore, it is reasonable to attribute this deviation in the kinetics of the electrical
relaxation to the phase transition from BM to P phase in the SCO film. The change of
kinetics possibly arises from a different surface oxygen exchange reactivity of the BM-
SCO versus the P-SCO phases, and/or a difference in the chemical capacitance of these
two phases due to distinct oxygen non-stoichiometry. Similar changes in the
chronoamperometry behavior was observed during the charging/discharging process in Li-
ion battery cathode materials such as LixFePO4.12 4 In that case, too, the deviation from a
simple exponential relaxation in the I-t curves was attributed to the phase transformation.
In our experiment, the I-t curves are a superposition of multiple processes, including the
oxygen reduction at the Ag CE electrode, charge transfer at Ag/YSZ and YSZ/SCO
interfaces, as well as the oxygen incorporation in the SCO electrode. Therefore, it is
difficult to extract quantitative information from these curves currently for modeling and
reproducing the phase transition kinetics. Future work will focus on that activity.
Nevertheless, two additional important pieces of information can be extracted from further
analysis of the I-t curves, shown in Figure 4-7(c) and (d). First, the oxygen non-
stoichiometry change, A6, of the SCO electrode was calculated from the I-t curves (See
Figure 4-8. Here, the A6 is defined to represent the change of the oxygen concentration as
a function of bias in the SCO lattice starting from the BM phase, i.e. change from SrCoO2.5
to SrCoO2.5+A6). A6 is plotted in Figure 4-7(c) as a function of electrochemical potential on
SCO. It is interesting to note that, while the A6 prior to the BM-P phase transition was
relatively small, it increases significantly after the BM-P phase transition. This suggests
that the oxygen stoichiometry of BM-SCO remains close to 2.5, while the P-SCO can
accommodate a larger oxygen non-stoichiometry. This is consistent with the more
appreciable and continuous chemical expansion behavior of the P phase compared to that
in the BM phase. Second, the so-called Tafel plot, i.e. the relationship between final
equilibrium current If and the applied electrochemical potential is shown in Figure 4-7(d).
The slopes and the extrapolated intercepts obtained before and after the BM->P transition
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potential are evidently different. This difference can be tentatively attributed to the
difference in the oxygen surface incorporation rate of the BM vs the P phase of SCO.
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Figure 4-7 (a) Current-Time (I-t) curves under electrochemical potential from 7.5 mV to
75 mV applied on the SCO electrode, measured at 500 IC in air. (b) Normalized Current-
Time (I-t) curves. The normalization is calculated using initial current I and final
equilibrium current If (saturation current), the normalized current I(t) =
(I(t) - If)/(Ij - If). The time axis is zoomed in to the earlier stages of the relaxation
in order to highlight the shape change of the I-t curves with increasing electrochemical
potential. (c) Change of oxygen non-stoichiometry, i.e. AS, as a function of applied
electrochemical potential. AS is defined to represent the change of the oxygen
concentration as a function of bias in the SCO lattice starting from the BM phase, i.e.
change from SrCoO2.5 to SrCoO2.5+A6 The vertical line marks the electrochemical
potential at the on-set of the BM->P phase transition in SCO (-26 mV, which
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corresponds to a pOfof 1 atm, as shown in Figure 4-3). The connecting lines are a
guide for the eye. (d) Semi-log plot of saturated current, If, as a function of the
electrochemical potential on SCO. The vertical line marks the BM4 P transition
potential, same as in (c). Notice the slope change around the phase transition potential.
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Figure 4-8 Example I-t curve under 75 mV applied electrochemical potential, showing
the procedure of calculating number of transferred charges, measured at 500 'C in air.
Saturated current If was obtained when stable current density was reached, then a flat
straight line was fitting to the curve. The shaded part was then integrated to yield the
number of transferred charges.
4.5. Conclusion
In conclusion, the electrochemically driven topotactic phase transition of SCO was studied
utilizing in situ XRD and RSM. We found that the BM+P phase transition of SCO can be
feasibly induced by applying anodic electrochemical bias to control the oxygen non-
stoichiometry of the SCO electrode. An electrochemical potential as low as 22.5mV
applied at the SCO electrode could readily induce the phase transition of SCO from the
BM to the P phase at 500 *C in air. The removal of the bias under the same conditions
reverses the phase back to the BM structure. In situ RSM measurements demonstrated that
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the phase transition was fully reversible, while retaining the physical integrity of the
epitaxial SCO film. Moreover, I-t curves changed their shape at biases that induce the phase
transition, and this change suggests that the oxygen incorporation kinetics is also altered
because of the different surface exchange properties of the BM and P phases of SCO.
Analysis of the I-t data also revealed that the oxygen stoichiometry of BM-SCO remains
close to 2.5 while the P-SCO can accommodate a larger oxygen non-stoichiometry change
after the phase transition.
In situ XRD revealed an abrupt decrease in the out-of-plane lattice parameter upon BM->P
phase transition consistent with the relative lattice sizes of these phases, and also a
substantial chemical contraction for the P-SCO upon electrochemical oxidation. This
chemo-mechanical coupling induced by bias has two implications. Firstly, if SCO is used
as solid oxide electrode, which is usually operated under conditions far from equilibrium,
i.e. the effective pO2 can be substantially different from environmental PO2, then one needs
to pay attention to possible chemical expansion/contraction introduced by electrical
loading and subsequent stress in electrodes. Secondly, since there is strong coupling
between the chemical properties and the structure of SCO, it might be possible to use strain
engineering to tune the phase and properties of SCO.
The feasible transition from BM to P phase of SCO achieved by electrochemical potential
reported here opens up new paths of using voltage to control the phase, and more
importantly, the physical properties of functional oxides. This ability is of specific interest
to red-ox based resistive switches as novel memory devices and to oxide (electro-)
catalysts. We believe that the findings deepens understanding of resistive switching
mechanism in SCO, and more generally, of the effects of electrical bias in tuning the
functionality of oxides.
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Chapter 5. Electronic Structure Evolution of SrCoO. Probed in
situ during Electrochemically Triggered Topotactic Phase Transition3
Synopsis In Chapter 4, we showed that applying electrochemical bias could be a
convenient way to control the oxygen stoichiometry in SCO and trigger its topotactic phase
transition. In this chapter, we utilized in situ ambient pressure X-ray spectroscopy tools to
reveal the electronic structure and oxygen non-stoichiometry evolution during the BM+P
phase transition of SCO. During the BM-P transition via intercalation of oxygen anions
into the structure, we found a lowering of the Fermi level due to creation of Co 3d-O 2p
hybridized unoccupied states. X-ray absorption spectra showed that the formed unoccupied
states have largely 0 2p characteristics. Finally, we utilized the time-dependent relaxation
of the X-ray absorption intensity as a new approach to study the phase transformation
kinetics and rate-limiting mechanisms. The results deepen the understanding of the
electronic structure of SCO as a function of its oxygen stoichiometry and phase, and may
guide the design of SCO properties for electrocatalyst and memristor functionality.
5.1. Introduction
In Chapter 4, we showed that the oxygen stoichiometry in SrCoOx can be effectively and
conveniently controlled by applying overpotentials, which triggered the topotactic phase
transition in SCO. Moreover, the change in crystallography was studied in situ at well-
controlled T, P0 2 and overpotential q. In this chapter, we turn to the investigation of the
electronic structure change of SCO during the topotactic phase transition induced
electrochemically. The oxygen non-stoichiometry in this material has a significant role in
determining the electronic and electrocatalytic properties. For instance, the metal-insulator
transition induced by the topotactic transition of SCO is the fundamental basis for its
promise as a memristive material. For energy storage and conversion applications, oxygen
reduction and evolution on SCO involves redox reactions that are strongly influenced by
the electronic structure. To date, various important aspects of electronic structure of SCO
3 This chapter is adapted from the journal paper below:
Q. Lu, Y. Chen, H. Bluhm, and B. Yildiz, Electronic Structure Evolution of SrCoOx Probed by X-ray
Absorption Spectroscopy during Electrochemically Driven Topotactic Phase transition, Journal ofPhysical
Chemistry C 120 (2016), 24148-24157. Copy right 2016 American Chemical Society.
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during phase transition remain unexplored. These include, importantly, the change in Fermi
level, and the partial density of states (pDOS) of Co and 0 in valence and conduction
bands. One main reason for this is the difficulty of controlling the oxygen non-
stoichiometry and phase of SCO while simultaneously investigating the electronic
structure. The electrochemical method of controlling oxygen defect concentration, as
discussed in 1.2 and successfully implemented in Chapter 4, provides a feasible solution
for this problem. The topotactic phase transition induced electrochemically thus closes the
gap on how the electronic structure of SCO evolves during its BM->P phase transition by
utilizing in situ X-ray spectroscopic tools.
In this part of work, we used AP-XPS and resonant photoelectron valence band spectra
provided insights to the Fermi level shift and pDOS change in the valence band. AP-XAS,
on the other hand, yielded key information on the change in the empty states and the strong
hybridization between Co 3d and 0 2p orbitals. As a new approach to probe the kinetics
and rate-limiting steps of the topotactic phase transition, we used the time-dependent
relaxation of the X-ray absorption coefficient during the phase transition. The depicted
evolution of the electronic structure advances our understanding of the correlation between
oxygen defects and the electronic density of states in such a complicated functional oxide
system. Moreover, this new knowledge can potentially help to find the ideal functional
conditions for SCO in order to enhance its performance in catalytic and memristive
applications.
Below we show the results obtained on the electronic structure of SrCoOx using AP-
XPS/XAS. First, the shift of Fermi level was probed by recording the binding energy shift
of XPS spectra. Second, the change of pDOS in conduction and valence band was assessed
by using XAS and RESPES. Finally, we demonstrate the use of the X-ray absorption at 0
K-edge region as a novel way of monitoring the dynamic process of phase transition.
5.2. Fermi level shift revealed by X-ray core level photoelectron spectra
Figure 5-1 summarizes the evolution of X-ray core level photoelectron spectra as well as
of the valence band (VB) spectra of SCO as a function of applied bias from 0 V to 4 V. We
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should stress that the applied electrical bias does not equal to the electrochemical potential
applied on SCO electrode, due to the voltage loss on YSZ and counter electrode.
Nevertheless, we used the electrical biases to represent the trend of electrochemically
driven phase transition. Also, it should be noted that the applied electrical biases were much
higher compared with the biases applied during in situ XRD measurement in Chapter 4.
This difference is from the much lower temperature (300 'C instead of 500 'C) and much
lower PO2 (Ix 10-3 atm instead of 0.21 atm) due to the constraints of AP-XPS
measurements. As is evident in Figure 5-1, all the core level spectra (Sr 3d, 0 Is and Co
2p) and valence band (VB) spectra showed a shift towards lower BE with increasing bias.
It is important note to recall that the external electrical bias was applied on the top electrode
while the bottom electrode was grounded to the same level as the photoelectron
spectrometer. Therefore, the raw data showed a rigid shift in binding energy (BE) that is
the same as the applied bias, and the BE axis in Figure 5-1 was corrected by subtracting
the applied bias (1-4 V). After this correction, any shift in BE is attributable to the change
in SCO induced by applied bias. In Figure 5-1(d), the BE shifts of each core level or VB
spectra are plotted as a function of bias. It can be clearly seen that the shifts for each peak
are the same at each bias condition and converge to -0.3-0.4 eV after 2 V. We performed
in situ X-ray diffraction (XRD) under the same conditions as in situ APXPS, in order to
provide structural information for correctly associating the changes in the electronic
structure with phase and atomic structure. In situ XRD showed that SCO remained as the
BM phase under 0-1 V, while higher bias (> 2 V) induced transition to the P phase (Figure
5-2). Therefore, we conclude that the BE shift of -0.3-0.4 eV in Figure 5-1(d) corresponds
to the BM-P phase transition, and the BE shift does not further change after the P-SCO
was stabilized at biases higher than 2 V.
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Figure 5-1 (a)-(b) X-ray photoemission spectra evolution as a function of applied
external bias at 300 *C, 760 mTorrpO2 (a) Sr 3d, (b) Valence band (VB) and (c) Co 2p.
Sr 3d spectra envelope is fitted with two groups of Sr 3d doublets, one to represent the
Sr 3d_lattice shown in light blue and one for Sr 3d_surface shown in dark blue. The
arrows indicate a shift to lower binding energy (BE) with increasing bias (The rigid shift
in the BE has been subtracted according to the biases applied). (d) The BE shift as a
function of applied bias summarized together for Sr 3d (both lattice and surface species),
VB, 0 Is and Co 2p. All the core level and VB spectra BE positions were lowered by
roughly the same amount while increasing the bias (within an error bar of 0.1eV).
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Figure 5-2 In situ XRD data on SCO collected at T = 300 *C, pO2 = 10- atm, as a
function of electrical bias from 1 V to 4 V. Two SCO diffraction peaks, i.e. BM(002)
(shown in (a)) and BM(008)/P(002) (shown in (b)), are shown to indicate the SCO phase
under each bias applied. When BM->P transition occurs, the BM(002) peak is
suppressed and BM(008) peak moves to higher 20 angle and forms P(002) peak. The
phase of SCO under each bias (0-1 V: BM, 2-4 V: P) has been indicated in the figure.
As discussed in 2.3.2, the BE shifts of XPS spectra can be of either chemical or electronic
nature. If the apparent BE shift affects all core and valence levels in the same way (as
shown in Figure 5-1(d)), then it should be due to a change in the Fermi level or the potential
of the sample or due to band bending, and not due to chemical shifts. This is because
chemical shifts are in general different for different core levels, which we did not observe
in our data. In our case, we argue that band bending is not likely, either. The Sr 3d spectra
were fitted with two groups of Sr 3dS2 and 3d12 peaks (Figure 5-1(a)), which can be
attributed to two chemical environments of Sr, i.e. the surface species (high binding
energy) and the lattice species (low binding energy)99,1 25. The origin of surface species is
most likely due to the segregated Sr cations forming secondary phases widely observed on
perovskite oxides, similar to the case of LSC discussed in Chapter 399,125. We observed that
the BEs of both the Srsurface and the Sr lattice species were shifted by about the same
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energy as a function of applied bias, for example, both shifted by 0.4 eV from 0 V to 4 V
as shown in Figure 5-1(a). This equal shift means that band bending in the near-surface
region is not present or is negligible. Despite the possible chemical heterogeneity at the
surface laterally, the Srsurface signature comes mostly from the top surface, and Sr lattice
has contribution also form the bulk-like subsurface perovskite lattice. In this case, if the
band bending were present, effectively the BE shifts of the Srsurface and Srlattice peaks
should have been different, which is opposite to what we observed. Furthermore, the
inelastic mean free path (IMFP) for Sr 3d spectra is -1.1 nm, while the Debye length for a
metallic system as P-SCO should be sub-nanometer. This means that the band bending
region cannot extend deeper than the probing depth of the Sr 3d photoelectrons (which is
three times of the IMFP). We also ruled out the role of in-plane voltage loss on SCO thin
film on the BE shifts. The electrical conductivity of P-SCO is high at 300 oC ( 103 S/cm).
This gives an estimation of in-plane voltage loss on the order of magnitude of 1 mV, which
is much lower than the BE shifts we measured. Finally, we also considered the possibility
that the change of Madelung potential from BM-SCO to P-SCO, due to the change in
oxygen anion coordination, can influence the BE position. However, we observed a BE
shift even before the phase transition (i.e. at an electrical bias of 1 V), which could not be
explained by the change of Madelung potential since the SCO thin film remained BM phase
at 1 V. Moreover, if the effect of the change of Madelung potential were significant, then
the BE shifts for the two cations (Sr, Co) with different sites and also for the anions (0)
are supposed to be different. This is opposite to what we observed. Based on these two
reasons, the effect of Madelung potential change is not significant in interpreting the BE
shift. After having ruled out the possibility of chemical shifts, band bending, in-plane
voltage loss as well as an effect of Madelung potential change, we interpret the XPS peak
shifts as shifts in the Fermi level, more detailed as following: 1) prior to the BM-P phase
transition (< 2 V applied biases), there exists a gradual downwards shift of Fermi level of
SCO; 2) after the phase transition to P-SCO has been completed (; 2 V), the Fermi level
of P-SCO stays approximately constant, although more oxygen anions are intercalated into
the lattice.
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The downwards shift of Fermi level observed from BM to P phase can be tentatively
explained by the charge compensation of intercalated oxygen anions. The intercalated
oxygen anions can be regarded as oxygen interstitials for BM-SCO, which should be
charge compensated by extra holes. This means more unoccupied states created during the
phase transition of SCO, leading to the downwards shift of the Fermi level. This is also in
line with literature reporting the p-type defect chemistry behavior of SrCoO3-s 26 . We also
attempted to obtain an estimation on the change of oxygen non-stoichiometry A6 during
the phase transition of SCO, by using the change of Fermi level and the density of states
(DOS) near the Fermi level. The DOS at the Fermi level of Lai.xSrxCoO3 (x = 0.2-0.7) was
reported as -1.1 eV-1 based on the rigid band model (RBM) described by Lankhorst et al.'27
An explicit DOS at Fermi level was not found in literature for SrCoOx. If the same RBM
was applied to SCO using the DOS of LSC, then the change in oxygen-stoichiometry A6
at the onset of BM4P phase transition should be only -0.165-0.22 in our experiment.
However, previous experiments suggest that the Ab at the BM-P phase transition should
be at least 0.25113,128. We believe that the fundamental source for this discrepancy is that
the rigid band model cannot be applied to SCO since the topotactic phase transition has a
strong impact on the density of states near the Fermi level, as will be discussed in detail
later. Since the BM-SCO and P-SCO have distinct density of states near the Fermi level,
the A6 calculated using RBM could not yield a correct estimation of the change in non-
stoichiometry during the phase transition of SCO.
On the other hand, the Fermi level in P-SCO remains unaltered, even when extra oxide
anions are incorporated via applying higher bias. The incorporation of oxygen into the P-
SCO is evident from the shrinkage of the lattice parameter (upshift of the 20 in Figure 5-2
above 2V). This is an intriguing behavior. Similarly, a lack of shift in Fermi level
accompanying a change in oxygen non-stoichiometry was also recently reported by
Nenning et al.4 9 on Lao.6Sro.4CoO 3. (LSC). It was found that the Fermi level shift of
cobaltite (e.g. LSC) as a function of 6 in reducing conditions was much smaller compared
with other perovskites such as SrTio.7Feo.303 or Lao.6Sro.4FeO3. Under anodic bias
conditions (oxidizing conditions), the Fermi levels of LSC were roughly constant and did
not depend on the increase of oxygen stoichiometry. The origin of this phenomenon is
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worth further investigation to give a clear answer. Tentatively, one possible explanation of
the unchanged Fermi level can be based on the evolution of the electronic structure in P-
SCO according to the so-called screened impurity RBM. This model, unlike the RBM
mentioned above, suggests that when ionized point defects are created (in our case mainly
oxygen vacancies), the entire band will be shifted due to the Coulomb screening of the
charged defects' 29, 3 0. This band shift is in the opposite direction to the shift of Fermi level
induced by the concentration charge of carrier density due to the charge compensation of
the point defects. The screening of the charged defects might be strong enough to cancel
out the shift of Fermi level. Therefore, the net result is that in an absolute scale (such as the
XPS measurement here), there is no change of the Fermi level, even though more oxygen
anions are intercalated which leads to a change of the hole concentration.
5.3. Evolution of unoccupied states and the oxygen non-stoichiometry at the on-set
of phase transition
As mentioned above, the hole concentration was increased during the BM->P transition of
SCO induced by applied anodic bias. The downward shift of Fermi level indicates the
increased population of unoccupied states. In order to clarify the reasons behind the
unoccupied state evolution, in situ XAS measurements were performed to assess the
evolution of the Co oxidation state and the 0 2p hole behavior. This also allowed us to
deduce an estimated oxygen non-stoichiometry at the onset of phase transition from BM to
P phase of SCO. Nominally, the Co valence state changes from Co(III) to Co(IV) when
BM-SrCoO2.5 is transformed to P-SrCoO3. However, it is difficult to form Co(IV) with 3d5
configuration, and the hybridization between 0 2p and Co 3d states can be substantial.
Therefore, it is highly likely that the formed unoccupied states may have largely 0 2p
characteristics, and this is supported by our data below.
Figure 5-3 shows the 0 K-edge and Co L-edge XAS evolution under different biases,
recorded using partial-electron-yield (PEY) mode. For 0 K-edge XAS spectra, shown in
Figure 5-3(a), three peaks were observed, centered at -528 eV, ~535 eV and -543 eV.
These peaks correspond to the empty 0 2p states interacting with Co 3d, Sr 4d and Co 4sp
states, respectively. The line shapes of the latter two peaks were not changed under bias.
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On the contrary, the 0 2p-Co 3d peak, i.e. the so-called pre-edge peak, evolved to a
completely different line shape up to 2V accompanying the oxidation of the BM-SCO and
phase transformation to P-SCO. After the BM4P phase transformation (at biases higher
than 2V), this pre-edge peak did not show any further appreciable change. This is in line
with the plateaued Fermi level above 2V shown in Figure 5-1(d). Notice that the line shape
of pre-edge peak of P-SCO resembles that of LSC shown in Chapter 3, which both indicate
the existence of oxygen ligand holes, although the origins for the ligand holes are different
(SrLa acceptor dopants for LSC vs. oxygen "interstitials" for P-SCO).
The details of the 0 2p-Co 3d region of the 0 K-edge is shown in Figure 5-3(b), and the
quantitative assessment of the changes in this region could provide the oxygen non-
stoichiometry at the onset of the BM4P phase transition of SCO. The pre-edge peak center
of BM-SCO is at 527.8 eV. The applied anodic bias shifted this peak towards the lower
photon energies and also made the peak highly asymmetric. We compared our 0 K-edge
XAS data at 0 V with literature data reported by Karvonen et al.' 18. Our 0 K-edge XAS is
similar to the spectra of SrCoO2.5o reported by Karvonen et al., while a higher oxygen
stoichiometry causes deviations to the spectra shape and those deviations are not present
in our data. Moreover, there is also similarity between our 0 K-edge XAS spectra at 0 V
with the spectrum of LaCoO3 reported by Moodenbaugh et al.13 1. In both LaCoO3 and
SrCoO2.5, Co takes a formal oxidation state of +3. As shown by Moodenbaugh et al., Sr
doping into LaCoO3 caused an increase in Co oxidation state, which also introduced
changes in the 0 K-edge spectra. Our data at 0 V has clear differences from the 0 K-edge
spectra of La..xSrxCoO3 (x>0). Based on these two reasons, we believe the starting oxygen
stoichiometry should be close to 2.5. Next, we recall from Figure 5-1(d) that the phase
transition from BM to P phase occurs between lV and 2 V. The shift of the pre-edge peak
at 1 V and at 2 V were -0.5 eV and -0.8 eV, respectively, from the 0 V reference state.
Previous literature reported that a -1 eV shift for 0 K-edge XAS spectra corresponds to an
increase of the transition metal oxidation state by +1.132,133 By applying an interpolation
based on this relation of 0 K-edge XAS to the Co oxidation state, we estimate that AS at
the onset of phase transition as within the range of 0.25 - 0.4, and the oxygen stoichiometry
falling between SrCoO2.75-SrCoO2.9. The lower limit of this estimated range for A, seems
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reasonable, since it has been reported that an oxygen non-stoichiometry of as high as 0.25
can be stabilized in P-SCO'0. On the other hand, the upper limit of this estimation of A8
seems to be too high because it would suggest that the SCO would stay in the BM phase
until an oxygen non-stoichiometry of -0. 1. However, the in situ XRD results showed that
at 2 V, the SCO thin film has been completely transformed to P-SCO, while the BM-P
phase transition really happened between 1-2 V. Therefore, this AS of -0.4 is likely to be
an overestimation. Finally, we also point out that this estimated range of A8 has
uncertainties because of the fact that the reported correlation between 0 K-edge peak
position and oxidation state of transition metal cation is based on oxide systems without
large structural changes. In our case, there is a drastic structural change from BM-SCO to
P-SCO, i.e. change of crystal field from mixed tetrahedral and octahedral in BM-SCO to
octahedral in P-SCO, which might further complicate in the 0 K-edge spectra.
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Figure 5-3 0 K-edge and Co L2,3-edge X-ray absorption spectra as a function of applied
electrical bias. (a) 0 K-edge spectra measured under different bias conditions at 300 'C,
760 mTorrpO2 The three peaks observed corresponds to 0 2p states hybridized with Co
3d, Sr 4d and Co 4sp states, respectively. (b) The pre-edge peak in 0 K-edge XAS
spectra, showing the evolution of the peak with 0 2p-Co 3d characteristics. (c) Co L2,3-
edge X-ray absorption spectra without bias applied and with 4 V bias applied. The
difference between the peak positions of Co L3-edge peaks in the two spectra was -0.3
eV.
Unlike the large change in 0 K-edge shown above, the change in Co L2,3-edge X-ray
absorption spectra was relatively subtle. As shown in Figure 5-3(c), the Co L2,3-edge
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spectra measured under no bias and 4 V bias had roughly similar line shape. However, a
noticeable widening of L2,3-edge peak at the higher photon energy side can be clearly seen
for the spectra at 4 V bias. Moreover, the peak position was moved towards the higher
photon energy by ~0.3 eV, which is a relatively small energy shift. This indicates that the
applied anodic bias induced an increase in the average Co oxidation state. The largely
unaltered edge shape suggests that the Co cations still remained 3d6L electronic
configuration (L denotes a ligand hole), even after the BM-P phase transition. This
finding is similar to the reported data on LaFeO3 and SrFeO3 by Abbate et al., showing that
Fe cation remains 3d5L in both LaFeO3 and SrFeO313 4. Similar to 0 K-edge data, there
exists a more noticeable change between 1-2 V while the Co L2,3-edge spectra under 2-4 V
did not show appreciable difference. The branching ratio of Co L-edge XAS (the ratio of
intensity between L3- and L2-edge) was found as -0.76 and this ratio slightly decreased
with increasing electrical bias (see Figure 5-5). Matching the values of the branching ratio
with the reported values in the literature' 32, it is clear that the Co cations are in high-spin
(HS) state throughout the experiment. This is not surprising considering the in situ XAS
data was collected at high temperature (T = 573 K).
The drastic change in 0 K-edge and the relatively unchanged Co L-edge observed here is
consistent with the previous ex situ XAS results on BM and P-SCO reported by Karvonen
et al.'"8 Furthermore, the recent findings by Mueller et al.1 on multiple perovskite oxides
showed that oxygen anions are the more active red-ox centers rather than transition metal
cations, which means extra electron holes can be localized as so-called ligand hole in 0 2p
orbitals. Our findings reported here provide a new and detailed description of the
unoccupied states created by oxygen anion intercalation. These results may also help to
identify the ideal functional conditions for SCO in various important applications. For
instance, in the research for electrocatalysts, charge transfer process between gas-phase
oxygen molecules and oxide surface is important in determining the kinetics of oxygen
reduction/evolution reactions. Oxygen reduction reaction (ORR) is an important
electrochemical reaction in solid oxide fuel cells (SOFCs), and it involves electron transfer
from oxide electrode to 02 molecules. To facilitate this reaction, more unoccupied states
need to be created easily in the oxide electrocatalyst. We showed the strong 0 2p
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characteristics of the unoccupied states in P-SCO. This indicates that the ligand level can
be crucial for ORR or the oxygen intercalation into SrCoOx. More efforts should be
directed to the proper design of 0 2p ligand level to align with the highest unoccupied
molecular orbital (HUMO) of gas phase oxygen. This new strategy, which has also been
hinted by several other works in perovskite ' 135 and Ruddlesden-Popper phase136 oxides, is
distinct from the traditional designing criteria that only transition metal is important 37 .
We also performed fluorescence-yield (FY) XAS measurements shown in Figure 5-4,
which probe much deeper compared with PEY-XAS results shown in Figure 5-3.
Essentially the FY-XAS results indicate the same features as in the PEY-XAS data for the
Co L-edge and 0 K-edge XAS. This means that the electronic structure evolution that
accompanies the topotactic phase transition is not localized at the near-surface region, but
rather is taking place through the whole thin film.
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Figure 5-4 FY-XAS spectra of 0 K-edge (shown in a and b) and Co L-edge (c). The
sharp peak at ~531 eV in 0 K-edge FY-XAS spectra is from the absorption of the 02
gas molecules in the analysis chamber. The PEY- and FY- data collected under a bias of
4 V was compared in b and c. The dash lines in b and c show that there is no photon
energy different between FY and PEY for 0 K-edge pre-edge peak and Co L3-edge peak.
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Figure 5-5 The branching ratio (BR) of Co L-edge XAS spectra by using two detection
modes, partial-electron-yield (PEY) and fluorescence-yield (FY), as a function of
applied bias. BR is defined as the intensity ratio of L3-edge vs. the summation of both
L3 - and L2-edge.
5.4. Evolution of the valence band structure
In order to probe the change in valence band structure of SCO during the phase transition,
we performed in situ resonant photoelectron spectroscopy (RESPES) on VB. This is a
useful approach for probing the partial density of states (pDOS) in VB from a certain
element, as discussed in 2.3.4. We are specifically interested in Co pDOS in VB, for the
reason that it is shown by first-principle computations that the top of VB in SCO has large
Co 2p contributions. 138 Figure 5-6 shows the Co-resonant VB spectra, measured as a
function of applied bias. The on-resonance VB spectra were measured by selecting the
photon energy as the peak position of Co L3-edge XAS peak (hv = 780 eV) as shown in
Figure 5-6(a). The photon energy at the on-resonance position enhances the Co 2p--3d
transition, thus increases the intensity of the Co 3d orbital contribution in the valence band.
As shown in Figure 5-6(b), the on-resonance VB spectrum had much higher intensity
through the whole VB energy range compared with off-resonance VB spectrum. This
clearly proves that Co 2p states have a strong contribution to the valence band of SCO.
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More importantly, we could detect the evolution of the Co pDOS in SCO valence band
under anodic bias, as shown in Figure 5-6(c). The differential spectra with respect to the
spectrum at 0 V has two features, i.e. an increase in pDOS at -0.4 eV and a decrease at
-2.6 eV with respect to the Fermi level. The evolution of these two features as a function
of applied bias is likely associated with the change in the crystal field during the phase
transition of SCO. BM-SCO has a layered structure with both tetrahedral (Td) and
octahedral (Oh) crystal fields for Co cations. Upon BM-P transition, Td crystal field
transforms to Oh coordination. The Td and Oh crystal fields have different effects on the
splitting the Co d orbitals, and the field strength for Td is much lower than Oh"3 9 . This
difference between the Td and Oh crystal fields is likely to alter the pDOS of Co at the top
of VB, thus causing the evolution in RESPES observed as a function of applied bias.
Comparing our results with DFT calculations reported in Choi et al. 8, we can even
tentatively link the intensity decrease at -2.6 eV to the diminished Td-related states and the
intensity increase at -0.4 eV to the enhanced Oh-related states, during the BM-P phase
transition.
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Figure 5-6 Resonant photoelectron spectroscopy (RESPES) on valence band of SCO.
(a) Co L-edge XAS under no bias applied. The arrows indicate the position of the photon
energy hv used for measuring the VB spectra in b and c; hv = 780 eV for on-resonance,
"on-res", and hv = 776 eV for off-resonance, "off-res". (b) Comparing the VB spectra
excited with hv = 776eV ("off res") and hv = 780eV ("on res"), as well as the difference
between two spectra. The core level XPS peak at -19 eV, which contains 0 2s and Sr
4p levels, was used to align the intensity of two VB spectra. The enhancement of
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intensity at "on-res" measurement can be clearly seen, which is partially due to the Co
L3 VV Auger peak indicated by the arrow. (c) The evolution of the resonant (on-res) VB
spectra as a function of applied bias. The blue lines showed the difference spectra with
respect to the spectrum with no bias applied.
5.5. Kinetics of SCO phase transition deduced by X-ray absorption near 0 K-edge
The large difference in the line shape of the 0 K-edge pre-edge peak for BM-SCO and P-
SCO, as reported above, allows for extracting the kinetics of this phase transition. To do
so, we monitored the intensity change of the pre-edge peak as a function of time under each
applied potential. As shown in Figure 5-7(a), at photon energy of 527.9 eV, the intensities
of PEY-XAS are significantly different for BM-SCO and P-SCO. When the anodic bias
applied to SCO is high enough to trigger the phase transition from BM to P phase, the
intensity will increase. The time-dependent relaxation of this intensity should follow the
phase transition process, thus revealing the phase transition kinetics. Vice versa, if the bias
is removed, the then XAS intensity at this photon energy drops back to the starting point.
One example for this relaxation measurement is shown in Figure 5-7(b), recorded with 4
V bias. The relaxation process can be clearly seen from the two cycles between BM and P
phases.
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Figure 5-7 Probing the kinetics of SCO phase transition. Data were collected at T = 300
'C, PO2 = 760 mTorr (a) 0 K-edge XAS spectra with no bias and with 4 V bias applied.
The dashed line indicates the position of the selected photon energy (hv = 527.9 eV) for
the measurement. The large difference in X-ray absorption coefficient for BM and P-
SCO is the premise for the dynamic ineasurement. (b) An example showing the dynamic
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measurement of the intensity at hv = 527.9 eV. When the bias was turned on (off), the
intensity increased (decreased) following the phase transition process. (c) Evolution of
the dynamic measurement, depicted as intensity difference vs. time curves as a funciton
of bias. The dots are the normalized data while the solid lines are fitting curves using (5-
1) and (5-2).
In order to obtain more information about the BM4P SCO phase transition kinetics, such
as the mechanism and the rate limiting step, we modeled the normalized intensity-time
curves. The model includes two processes, the oxygen incorporation process and the
nucleation-growth process, because the phase transition from BM to P phase is driven by
the change of non-stoichiometry in SCO. The equation for the modeling the data has the
following form:
AI(t) = AI(1 - ai exp(- - (1 a,) exp(())) (5-1)
In the equation above, AI(t) is the time-dependent intensity change during the dynamic
measurement, AIO is a normalization factor. In the time-dependent part, one exponential
term and one stretched exponential term are included, with time constants -1 and T2 ,
respectively. The weights for the two terms, i.e. a1 and 1 - a 1, sum up to give unity. The
first term (simple exponential function) is used to describe the oxygen incorporation
process, which is driven by the changes in the effective PO2 induced by applied anodic
bias. The second term, on the other hand, models the nucleation-growth steps of the BM-P
phase transition, using the Kolmogorov-Johnson-Mehl-Avrami (KJMA) formalism, with
n2 being the so-called Avrami exponent 40 . Therefore, the term n 2 contains information on
the limiting steps during the phase transitions.
We should note that the data at 1 V electrical bias were treated differently from the
relaxation curves under higher biases because 1 V was insufficient to trigger the BM-P
phase transition, as seen in the in situ XRD data (see Figure 5-2). This is also evident from
the different shapes of the relaxation curves. The relaxation curves under biases higher than
1 V all have a change of curvature and highly deviate from simple exponential, while the
relaxation curve at 1 V does not show an inflection point. We fit the relaxation curve at 1
89
V with only one simple exponential, i.e. with only the oxygen incorporation process, in the
following form:
AI(t) = AIO(1 - exp t(5-2)
We obtained a good fit for data at 1 V by using (5-2), and only one fitting parameter, 1, is
used. Therefore, it is only meaningful to limit any trend observed for z 2 , a1 and n2 to the
data points under 2 V-4 V, and compare with data points at 1 V to highlight the difference.
All the relaxation measurement curves in Figure 5-7(c), with bias applied from 2 V to 4 V,
could be fitted very well using the model in (5-1). The fitting parameters, which are
summarized in Figure 5-8, thus contain important information on the rate-limiting step of
the phase transition. Firstly, the two time constants, ' 1 and T2 , both decrease monotonically
with increasing bias, indicating faster rate for oxygen incorporation and nucleation/growth
under higher electrical bias. We can attribute this decrease in 'rl and -r2 to the fact that
higher PO2 often leads to higher surface exchange rate of oxygen on perovskite
oxides141" 42 . Higher pO2 conditions are effectively obtained by higher anodic biases in our
experiment. An alternative explanation is the reaction kinetics follows the Butler-Volmer
formalism, i.e. the applied overpotential can drive the reversible reaction to a certain
direction exponentially8 . Another finding is that the nucleation/growth process has a much
longer time scale than that of the oxygen incorporation process, as T2 roughly equals to
10 'r1 in each case. The next fitting parameter a,, which represents the relative contribution
of the oxygen incorporation, also was interestingly shown to decrease with increasing bias.
This means that higher bias preferentially facilitates the oxygen incorporation process more
compared with the nucleation and growth process. Under higher bias conditions, the
nucleation or growth process becomes the main limiting step for electrochemically driven
phase transition (with (1 - a,) - 0.7 at 4 V). Lastly, we also observed a change in the
Avrami exponent n2 , dropping from -2.4 under 2 V bias to -1.5 under 4 V bias. The
change in n2 indicates a change in the mechanism of nucleation and/or growth, possibly a
change in the nucleation rate (constant to decreasing nucleation rate) and/or a change in
the growth mode. Future work providing a more microscopic picture should be performed
to pinpoint the exact change of mechanism.
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Figure 5-8 Fitting parameters, including time constants tr and r2 (a), relative weight of
two expoential terms a, (b) and Avrami exponent n2 (c), obtained from the kinetic data
shown in Figure 4(c). The solid lines and dashed arrows are guides for the eyes,
representing the trend for the change of each fitting parameter.
5.6. Conclusion
In summary, we have revealed several important characteristics of the electronic structure
of SCO by performing in operando AP-XPS/XAS measurements during the BM->P phase
transition. The oxygen defect concentration in SCO was controlled by applying electrical
biases. AP-XPS captured a downwards Fermi level shift characterized by a BE shift of the
core level and VB spectra. This shift can be explained by the creation of more empty states
in P-SCO upon intercalated oxygen anions. AP-XAS clarified that these created
unoccupied states have a strong hybridized Co 3d-O 2p characteristic. We have found the
oxygen non-stoichiometry change at the onset of the BM-P phase transition to be within
0.25-0.4, giving a composition of SrCoO2.75-SrCoO2.9. Compared to the large change in the
conduction band structure, only a subtler change in the valence band Co pDOS was
observed by RESPES data. Finally, the distinct conduction band structure between BM-
SCO and P-SCO yielded large differences in the X-ray absorption near 0 K-edge. The
time-dependent relaxation of the 0 K-edge features enabled obtaining information on the
rate-limiting steps of the phase transition kinetics. Using this new approach we found that,
with increasing bias the nucleation or growth step became more important than the oxygen
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incorporation process in limiting the kinetics of this electrochemically driven phase
transformation.
The combination of AP-XPS/XAS and in situ electrochemical biasing, as demonstrated
here on SCO, is an illustrative and useful example for studying the electronic structure of
functional oxides at a well-controlled oxygen stoichiometry. This methodology can be
applied to various technologically important functional oxides to reveal the effect of
oxygen non-stoichiometry and phase transitions on their electronic structure, which will be
shown in the next chapters of this thesis (Chapter 6&7). The deepened understanding of
the electronic structure can be linked to the performance of the functional oxides in
applications such as electrocatalysis or memristors.
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Chapter 6. Electrochemically Triggered Metal-insulator
Transition in VOx
Synopsis Distinct properties of multiple phases of vanadium oxide (VOx) render this
materials family attractive for advanced electronic devices, catalysis, and energy storage.
In this chapter, we reveal a new type of metal-insulator-transition in VOx achieved by
electrochemical control of the oxygen content and phase of a VOx thin film, under a wide
range of temperatures. Reversible phase transitions between two adjacent VOx phases, V02
and V205 , were obtained. Cathodic biases trigger the phase transition from V205 to V0 2,
accompanied by disappearance of the wide band gap. The transformed phase is stable upon
removal of the bias but is reversible upon reversal of the electrochemical bias. The
advantages of this electrochemically triggered phase transition between V0 2 and V205 are
the very large changes obtained in the resistance state of VO, applicability over a wide
range of temperatures, and transferability of the concept to other multi-phase oxides for
electronic, magnetic or electrochemical applications.
6.1. Introduction and Motivation
In Chapter 4 and Chapter 5, we showed that applying electrochemical potentials can be a
very effective way of triggering phase transition in functional oxides by changing the
oxygen non-stoichiometry. It is therefore of our great interest to apply this electrochemical
effect to other oxide systems with functionalities and properties which are highly
dependent on oxygen stoichiometry. In this part of work, we focus on vanadium oxides,
more specifically the phase transition between vanadium dioxide V0 2 and pentoxide V205 .
Vanadium dioxide (V0 2) has become a focal point of functional oxide research due to its
near room-temperature metal-insulator transition (MIT), resulting from a structural phase
transition from the rutile V02(R) to the monoclinic V02(M1) phase upon cooling through
the transition temperature T~ 340 K. 143-146 This MIT leads to a drastic change in electrical
conductivity of ideally up to 5 orders of magnitude, promising to enable a variety of new
types of oxide electronic devices.1 4 7-150 However, due to the metallic nature of V0 2(R) and
its high concentration of charge carriers, it is very difficult, if not impossible, to induce the
phase transition in the bulk via applying gate voltages with solid-state dielectric
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materials."-153 On the other hand, the suppression of the MIT transition below Te, and
reversible control of the electrical conductivity, was achieved by use of an ionic liquid gate
instead of a solid-state dielectric.1 5 4'15 5 Interestingly, the mechanism behind ionic liquid
gating was beyond simple electrostatic polarization or field effect, but instead was
electrochemical in nature. The removal of lattice oxygen, leading to reduction of the lattice
and creation of oxygen vacancies, was proposed as the source for the suppression of the
MIT transition.43
In spite of the promise ofVO2 as a key component for future "more-than-Moore" electronic
devices15 6 , it has several inevitable shortcomings originating from the character of its MIT.
First, the band gap of the insulator phase V0 2 (Ml) is only -0.6 eV 44"57, which limits the
maximum attainable magnitude of device conductance on/off ratios. The achievable on/off
ratio of V02-based devices in single crystal form is ~105,158 while this value might be
lowered to -10' or even lower for V0 2 thin films due to the existence of oxygen non-
stoichiometry'43 or cation interdiffusion1 59.This value barely suffices for main stream logic
devices requiring on/off ratios of 103-106 160 and is far lower than ~107 that is required for
low power logic devices (transistors)16 1 . Moreover, the relatively low T, of the MIT (-68
'C) limits the maximum device operation temperature, below which V02 remains
semiconducting. Thus, V02-based electronic devices may require active cooling to
maintain temperature below Te, thereby imposing additional constraints on deployment.
In this chapter, we demonstrate that, utilizing the multivalent character of vanadium ions
and the multiple phases of vanadium oxides that they induce is a promising solution for
overcoming the potential limitations of V02-based electronic devices. Vanadium oxides
have a rich and complex phase diagram with a correspondingly wide variety of physical
properties. Distinct from the existence of the MIT in V0 2, V 20 5 is an insulting oxide due
to the empty 3d orbital, with a wide band gap of-2.2 eV1 62 . A new type of metal-insulator
transition is therefore achievable by crossing the phase boundary from the metallic V0 2(R)
phase (or oxygen-deficient metallic V0 2 phase below Te, as shown by Jeong et al.4 3) to the
insulating V205 phase. This phase transition can be triggered electrochemically, similar to
the case of SCO shown in Chapter 4&5. This novel type of electrochemically driven MIT
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transition in VOx exhibits several highly attractive features. The much wider band gap of
V2 0 5 compared with V02(Ml) should give rise to much higher electronic device
conductance on/off ratios compared to the conventional MIT transition in V02. The
conductivity of V2 05 thin films at 300 K can be as low as ~10-6 Q-1-cm-1 163 which is at
least three orders of magnitude lower than that of insulating V02(Ml) at the same
temperature1 64. This enhancement of the on/off ratio should contribute to lower power
consumption when used for logic applications (lower Ioff) and lower bit error rates for
memory applications165 . At the same time, unlike the V0 2 MIT that has a cut-off operation
temperature, this novel MIT between V0 2 and V205 has no theoretical temperature
limitations other than those associated with the melting temperatures of the phases. Once
the proper electrodes and electrolytes are selected, this transition can be triggered at any
practical temperature below the melting point of V205 (963 K) rendering this metal-
insulator transition suitable for applications even in high-temperature electronics, for
example in automotive, aircraft and deep oil/gas extraction where operation temperatures
can readily reach 120 'C to 225 'C and above' 66. Furthermore, beyond potential
applications in electronic devices, there are other applications that can more directly utilize
the large change in oxygen non-stoichiometry associated with this phase transition. For
example, VOx (x = 2-2.5) has a large capacity for storing and releasing oxygen on demand,
thereby making it attractive for applications such as energy storage in reversible solid oxide
electrochemical cells' 67, and possibly even for thermochemically driven fuel synthesis
from water vapor and CO2.9
The essence of the reversible transition between V02 and V205 is the electrochemical
control of oxygen content within the VOx system. To illustrate the feasibility of achieving
this electrochemically induced MIT over a wide temperature range, this transition was
demonstrated both at 300 'C and at room temperature in this study, on V0 2 thin films of
~50 nm thick grown on YSZ substrates. At 300 'C, the oxygen ion conducting material
YSZ serves as the solid electrolyte that enables the pumping of oxygen ions into and out
of VOx films. Porous Pt was used at the backside of the YSZ substrate as the counter
electrode with characteristically rapid oxygen reduction and evolution reactions. AP-
XPS/XAS were performed to probe changes in the VOx phase, chemical state and
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electronic structure as a function of applied electrochemical bias' 25 . The phase of the thin
films was switched from V205 to V0 2 by applying cathodic electrical biases onto the VO,.
AP-XAS of V L2,3-edge and 0 K-edge show the phase boundary between V0 2 and V205
to be -250 mV cathodic bias at T = 300 'C and P0 2 = 200 mTorr. The valence band (VB)
spectra confirmed the change in electronic conductivity by showing the disappearance of
the 2.2 eV bandgap when switched from V205 to V0 2 . The phase transition is reversible
upon reversing the applied bias, and was cyclable under AC oscillating voltage between 0
and -2 V. Upon removal of the applied bias, at open circuit conditions, the transformed
phase is retained in a meta-stable fashion, due to the very slow kinetics of surface oxygen
exchange of VOx with the gas phase at these temperatures. The reversible phase change
obtained at 300 0C, with the VOx surface exposed to ambient, also made it feasible to
perform in operando AP-XAS and XPS measurements that provided a direct picture of the
phase transition and the electronic structure. The V0 2->V 205 and the accompanying metal-
insulator transition was also triggered at room temperature by use of an ionic liquid as the
electrolyte on top of the VO, film, instead of the underlying YSZ substrate. This study
presents a framework for inducing oxygen-controlled phase changes in oxides,
accompanied by large changes in physical properties, and for revealing the mechanisms
and kinetics of these transitions.
6.2. Resolving the structure and phase of VOx by AP-XAS
In operando AP-XAS measurements provide the opportunity to monitor changes in the
crystal structure of VOx, with the spectra showing clear features indicative of the transition
between the layered V205 and the more closely packed V0 2 structure. In order to monitor
the changes in the VOx crystal and electronic structure, the V L2,3-edge (513-527 eV) and
O K-edge (527-535 eV) spectra were collected at each bias (Figure 6-1). The estimated
probing depth of these spectra is -2 nm. Both spectra changed dramatically as a function
of electrical bias applied to the VOx working electrode with respect to the Pt counter
electrode, from 0.025 V to -2 V (see Figure 6-1(a)). The phase transition boundary occurred
at about -0.25 V at T = 300 'C, PO2 = 200 mTorr. By comparing the X-ray absorption
spectra shape to the reported results in the literature 44168 , we confirmed that VOx took on
the pentoxide V205 phase above -0.25 V, while negative electrical biases below -0.25 V
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triggered the phase transition to the dioxide V02. While transitioning from V205 to V0 2 ,
the main V L3-edge peak shifted lower by -0.6 eV, and the small peak centered at -515 eV
and the fine structure shoulders of V L3-edge were gradually suppressed. The extra features
in the V L3-edge of V 205 are from its layered crystal structure, and the small peak and
shoulder features can be assigned to the splitting of the unoccupied V 3d orbitals. The
presence of these fine structures in the V L3-edge peak indicates the good crystal quality of
V205 ; features often absent or weak when V205 is amorphous or highly disordered 68" 69.
On the contrary, no such features were present in V0 2, which indicated mainly the
octahedral splitting to t2g and eg levels present in the V0 2 phase.
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Figure 6-1 (a) Schematic illustration of the Ambient Pressure X-ray Absorption
Spectroscopy and X-ray Photoelectron Spectroscopy (AP-XAS, AP-XPS)
measurements. Electrical bias was applied onto the VOx electrode while the absorption
and photoelectron spectra were measured in operando. Electrochemical pumping of
oxygen out of the film transforms it from V205 to V0 2, and electrochemical pumping of
oxygen into the film transforms V0 2 to V205 . (b) AP-XAS data as a function of electrical
bias applied to the VOx/YSZ/Pt electrochemical cell at T = 300 'C, pO2 = 200 mTorr.
The dashed lines are guides to the eyes that mark changes in the spectral lines in the V
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L2,3-edge and 0 K-edge designated peaks. The black and red dashed lines mark the V205
and V0 2 features, respectively. A cathodic bias of -0.25V triggers the V205->VO2
transition under these conditions.
6.3. Change of electronic structure and electrochemical activity upon phase
transition
The electrochemically triggered phase transition between V205 and VO2 has a substantial
impact on both the electronic and electrochemical properties of this oxide system. The
drastic change in the electronic structure induced by this phase transition is shown by the
valence band (VB) spectra in Figure 6-2(a). The VB spectra were recorded by AP-XPS at
T = 300 'C, PO2 = 200 mTorr. The V02 phase (at an electrical bias of -2 V) under these
conditions was metallic, shown by the Fermi edge centered at 0 eV binding energy,
consistent with the VB spectra of V02(R) reported in the literature1 70. On the other hand,
when V 205 was obtained by applying a bias of 0 V, the VB spectrum showed
semiconducting characteristics with no states at 0 eV and a valence band maximum (VBM)
at -2.2 eV. This proves the existence of the transition from a metal to a wide band-gap
insulator state. There exists a large contrast in the electronic structure and conductivity
accompanying the phase transition from V0 2 to V2 05 solely driven by the electrical control
of oxygen stoichiometry.
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Figure 6-2 a) Valence band spectra on V0 2 (at an electrical bias of -2 V) and V205 (at
an electrical bias of 0 V) at T= 300 *C,p02 = 200 mTorr. Note that V02 is in its metallic
rutile phase at the measurement temperature. Ef denotes the position of zero binding
energy in the spectrum. b) The current relaxation (I-t curve) when an electrical bias step
from 0 to -2 V was applied to V205 at time = 0 s, transforming it to V02. Notice the
increase in the current magnitude as a function of time, opposite to the expected decrease
of the current magnitude in this oxygen coulometric titration configuration.
The change in the electronic structure of VOx also strongly affects its electrochemical
behavior. In the absence of reference electrodes, we characterize the total electrochemical
behavior of these cells by examining the steady-state ionic exchange current when an
electrical bias is applied. The time dependence of the resulting current upon application of
bias provides insights into the electrical changes accompanying the phase change, which
has been shown also in the case of SCO (see 4.4). Figure 6-2(b) shows the current
relaxation (I-t curve) when an electrical bias step of 0 V->-2 V was applied to V205 ,
transforming it to V02. When an electrical bias is applied to an electrochemical cell, as in
this case consisting of oxide ion conducting YSZ electrolyte and mixed ionic electronic
conducting electrodes, one induces the controlled electrochemical pumping of oxygen into
or out of the electrode, also known as coulometric titration". Upon full completion of this
titration process, the electrical and electrochemical properties of the active material reach
a new state and no longer change. During the titration process, the magnitude of current
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should decay exponentially down to a steady state as the oxygen filling or emptying
capacity of the electrodes is reached. A perfect example is a group of I-t curves on SCO
electrochemical cells, shown in Figure 4-7. However, the I-t curve in Figure 6-2(b) shows
instead an increase in the magnitude of the current with time, with a relaxation opposite to
the normal I-t relaxation behavior associated with coulometric titration. This seemingly
odd behavior suggests that the oxygen exchange rate in V205 is much slower than in V02.
This is not surprising given that charge transfer between the oxide and adsorbed molecular
oxygen is a key rate determining factor impacting the oxygen exchange kinetics171' 172 . The
faster oxygen exchange rate on V0 2 compared with that of V 205 can thus be attributed to
the much larger concentration of electronic carriers available for charge transfer from V0 2
than from V205, consistent with changes in electronic structure illustrated in Figure 6-2(a).
6.4. Stability and cyclability of V02 and V205 phases
The electrochemically triggered phase transition between V0 2 and V205 was reversible
upon the reversal of the electrical bias on the oxide film. Importantly though, V0 2 and
V 20 5 each remained metastable (kinetically stabilized) after removing the applied
electrical bias (i.e., under open circuit) upon achieving the phase transition, owing to the
sluggish oxygen exchange kinetics of both phases, even at an elevated temperature of
300'C. Plots (a) and (c) in Figure 6-3 of the X-ray absorption spectra show that both phases
were metastable following removal of the respective applied biases of -2 V and 0 V (cell
at open circuit potential). The wait time after removing the bias was about 30 min. The
phase transition could be reversed when the biases 0 V and -2 V were turned on, as shown
by plots (b) and (d). This reversibility and the stability implies that the phase of VOx (V0 2
or V2 05 ) can be programmed by the application of an electrical bias, creating possible
applications for it in novel non-volatile memory or logic devices.
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Figure 6-3 X-ray absorption spectra as a function of applied electrical bias and time
obtained from the VOx/YSZ/Pt electrochemical cell maintained at T = 300 *C, PO2 =
200 mTorr. The progression of the experiment indicated by the upward arrows shows
the stability and cyclability of the electrochemically triggered phase transition in VOx.
From bottom to top: a) The V0 2 phase was obtained at -2 V, and remained stable after
removing the bias and keeping the cell at open circuit potential (OCP) condition. b) As
soon as the V0 2 top electrode was shorted to the bottom Pt electrode (setting the
electrochemical cell bias to 0 V), the V0 2 changed to the V2 05 phase. c) V205 remained
stable after removal of the bias (remained unchanged for the 30 minutes of the
measurement); d) An electrical bias of -2 V again switched the V2 05 back to V02.
6.5. Cyclability and kinetics of phase transition probed by dynamic X-ray
absorption measurements
The cyclability and the kinetics of the electrochemically triggered phase transition were
assessed by performing dynamic X-ray absorption measurements. Figure 6-4 shows the
scheme of such measurements with two measurements at different photon energies. The
X-ray absorption spectra of the V205 and V02 phases differ markedly in the V L3-edge and
o K-edge regions (Figure 6-4(a)). The excitation photon energy was fixed to selected
photon energies, indicated by the red dashed line at 517.7 eV in the V L3-edge region and
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by the blue dashed line at 529.2 eV in the 0 K-edge region). Electrical bias was cycled
between 0 V and -2 V at the selected photon energies. We could track the periodic change
in X-ray absorption intensity at these two photon energies as one periodically transitions
between the V205 and VO2 phases, shown in Figure 6-4(b). During the phase transitions
between V205 and V0 2, the X-ray absorption intensities in the V L3-edge and 0 K-edge
regions change in opposite directions; i.e., when the former increases, the latter decreases
and vice versa. As a result, the two dynamic curves in Figure 6-4(b) have a phase difference
of a. This measurement is similar to the time-dependent measurement shown on SCO,
discussed in 5.5. However, instead of applying DC bias in the case of SCO, here AC biases
were applied on the VOx electrode.
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Figure 6-4 Dynamic X-ray absorption measurements. a) The V L2,3-edge and 0 K-edge
regions of the X-ray absorption spectra at 0 V and -2 V obtained from the VOx layer as
part of the VOx/YSZ/Pt electrochemical cell operating at T = 300 0C, P0 2 = 200 mTorr.
V2 0 5 is stabilized at 0 V and V02 at -2 V. The dashed lines mark the two photon energies
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(517.7 eV and 529.2 eV) where large changes in the X-ray absorption intensity exist
when switching from one phase to the other. (b) Applied sine wave electrical bias (green
dashed line) with a frequency of 10 mHz, and the corresponding periodic changes of X-
ray absorption intensity at the two selected photon energies in the V L3-edge region at
517.7 eV (red data points) and in the 0 K-edge region at 529.2 eV (blue data points).
Note that the two curves are approximatelyl 80 degrees out of phase. (c) Frequency-
dependency of the dynamic X-ray absorption intensity at hv = 517.7 eV in the V L3-edge
region, measured during cycling of the electrical bias applied to the VOx/YSZ/Pt
electrochemical cell at several frequencies (5, 10, 25 and 100 mHz) with a peak-to-peak
variation of 2 V as in (b). At 5 mHz the absorption intensity reached plateaus both under
0 and -2 V applied bias, with the amplitude of X-ray absorption intensity gradually
decreasing with increasing frequency.
The dynamic measurements provide us with a means of quantifying the kinetics of the
electrochemically triggered phase transition. As shown in Figure 6-4(c), the amplitude of
X-ray absorption intensity has a strong dependence on frequency. Lower frequencies (5
mHz) clearly introduce large changes in X-ray absorption, with the maximum and
minimum intensities approaching steady state plateaus. Increasing the frequency to 10 mHz
or above decreases the achievable amplitude of the X-ray absorption intensity difference.
At 100 mHz, no appreciable periodic change in X-ray absorption intensity can be observed.
This means that the phase transition kinetics cannot keep up with the rate of voltage change
at such high frequencies. This observed frequency dependence can be well explained by
the kinetics of the phase transitions. Oxygen ion transport in the YSZ electrolyte and
oxygen ion transfer at the YSZ/VOx interfaces are precursors to the phase transition
between VO2 and V20 5 in this cell. All of these reactions each have respective time
constants. Especially the oxygen transport through the YSZ substrate of macroscopic
dimensions is very slow. At lower frequency such as 5 mHz, the voltage rate of change
was slow enough to complete the phase transition, yielding a correspondingly large
observed absorption change. An upper limit for the time constant (for this geometry of the
electrochemical cell) can be estimated from Figure 6-4(c). Selecting 1/4 of the period of
the 5 mHz curve that exhibits the plateau gives an upper limit of-50 s for the time constant
of the reaction. On the contrary, at faster frequencies there is insufficient time for the phase
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transition to fully complete, leading to decreased amplitudes as plotted in Figure 6-4(c).
One can also deduce from Figure 6-4(c) that the oxidization step (V0 2 +V 205 ) is slower
than the reduction step (V2 0 5 -VO 2 ). This is consistent with the faster oxygen
incorporation kinetics in V0 2 compared with V205, as was already demonstrated by Figure
6-2 and the related discussion.
6.6. Electrochemically triggered metal-insulator transition at room temperature
The AP-XAS/XPS measurements performed at 300 'C with the aid of the electrochemical
cell utilizing a YSZ solid electrolyte enabled a thorough and deep analysis of the crystalline
and electronic structural changes that accompany the voltage-induced phase transitions in
VO,. Given that these transitions are solely driven by electrochemical control of the oxygen
content within these oxide films, they do not necessarily require the use of elevated
temperatures. We note again that the slow kinetics of transition shown above even at
300'C is also limited by the very slow oxide ion transport across the YSZ electrolyte whose
ionic conductivity is strongly thermally activated' 3 . In order to demonstrate that this
switching process is feasible at ambient temperatures, we resort to gating the VOx film with
an ionic liquid instead of YSZ as the oxygen-conducting electrolyte. We used 1 -hexyl-3-
methylimidazoliumbis (trifluoromethylsulfonyl)-imide (HMIM-TFSI) ionic liquid (IL)
since it reportedly supports fast oxygen ion transport at room temperature43 . We began with
the V0 2 phase obtained at -2 V at 300 'C on the YSZ based electrochemical cell, and
cooled it down to room temperature. The obtained V0 2 was metallic rather than insulating
at room temperature, as demonstrated by the existence of V 3d states at the Fermi level
(see Figure 6-5). An electrical bias of 4 V applied on this IL-gated cell configuration then
triggered the phase transition from V0 2 to V2 05 at room temperature. The phase transition
was confirmed by measuring the oxidation state of vanadium (Figure 6-5(a)) and the
valence band spectra (Figure 6-5(b)) by ex situ lab-source XPS, following removal of the
ionic liquid. The V 2p and VB spectra obtained after 4V polarization through the ionic
liquid were very similar to the data collected in situ by AP-XPS while transformed from
V02 to V205 . As seen in Figure 6-5(b), the V 3d states at the Fermi level (0 eV binding
energy) disappeared after IL gating, and this proves the metal-insulator transition induced
by electrochemical biasing. The V 2P2/ peak after IL gating was similar to the V205 data
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obtained in situ by AP-XPS under an electrical bias of 25 mV. The narrower width of the
peak in AP-XPS data might be from the much smaller photon energy dispersion of
synchrotron radiation. Both the more oxidized V state as seen by V 2p2/ and the lack of
states at Fermi level prove that V0 2 was transformed to V205 at room temperature within
the probing depth of the lab-source XPS (estimated as -6 nm).
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Figure 6-5 X-ray photoelectron spectra of (a) V 2p and (b) valence band (VB) before
and after ionic liquid (IL) gating, compared with AP-XPS results. 1) & 3) In situ AP-
XPS measurements under applied electrical biases of -2 V and 25 mV, which
corresponds to V02 and V205 phases, respectively. 2) Ex situ XPS on VOx sample after
applying -2 V electrical bias at 300 'C and cooling it to room temperature. The XPS data
at this state was similar to the in situ AP-XPS data on V0 2. 4) After ionic liquid gating
at 4 V. The V 2p peak was similar to the in situ AP-XPS spectrum under 25 mV, while
the V 3d states at 0 eV binding energy disappeared, confining the transformation to the
insulating V205 phase. The dashed lines in (a) are the XPS peak fitting results showing
the contribution of different oxidation states (V 51 and V41). While the V 2p32 spectra in
3) and 4) can be fitted with a single peak, indicating the fully oxidized V5* chemical
state, the spectra in 1) and 2) consist of two peaks, corresponding to the mixed V5' and
V4* states.
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6.7. Conclusion
In summary, phase transitions between V0 2 and V205 were obtained by electrochemical
control of oxygen content within the VOx film. Upon removal of the electrical bias, the
obtained phases remain metastable (kinetically stabilized) due to the slow oxygen gas
exchange kinetics at the measurement temperatures used in this study (RT and 300 0C).
This result demonstrates a novel means for inducing metal-insulator transitions, achieved
by changing the phase of an oxide film by control of its oxygen content, applicable over a
wide temperature range. The valence band spectra and current relaxation curves
demonstrated the drastic changes in electronic and electrochemical properties
accompanying the phase transition between V0 2 and V205. Measured periodic changes in
X-ray absorption intensity, induced under an applied sinusoidally-varying cell voltage,
enabled observation of cyclability of the phase transitions. By use of ionic liquid gating, it
was possible to demonstrate the ability to induce this metal-insulator transition
electrochemically even under ambient conditions. This MIT is a more versatile transition
compared with the one restricted to the V0 2 phase alone, because it has the potential for a
much larger conductance on/off ratio and greatly extended operation temperature regimes.
One can make a distant analogy to phase change resistive memories114, however the clear
distinction and advantage here is that the phase change is obtained by electrochemical
control of composition, rather than by heating. The changes in phase and electronic
structure were possible to observe by macroscopic probes of XPS and XAS, indicating a
uniform switching process rather than filamentary' 1", and this also is an advantage from
a device repeatability perspective. The results demonstrate the ability to actively tune and
design ionic defects in electronic oxides in a powerful enough manner to be able to cross
the phase boundaries to obtain distinct physical properties. This ability to switch reversibly
between the metallic V0 2 and the insulating V205 should further enable the design of novel
devices taking advantage of the distinctly different electrical, optical and electrochemical
properties of the multiple possible phases of vanadium oxide.
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Chapter 7. Surface Defect Chemistry of (Pr,Ce)02..b in a Wide
Oxygen Partial Pressure Range 4
Synopsis Understanding the surface defect chemistry of oxides under functional operating
conditions is important for providing guidelines for improving the kinetics of
electrochemical reactions. Ceria based oxides have applications in solid oxide
fuel/electrolysis cells, thermo-chemical water splitting, catalytic convertors as well as red-
ox active memristive devices. The surface defect chemistry of doped ceria in the regime of
high oxygen pressure, PO2, approximating the operating conditions of fuel cell cathodes at
elevated temperatures, has not yet been revealed. In this chapter, we investigated the
Pro.1Ceo.902- (PCO) surface by in operando X-ray photoelectron and absorption
spectroscopic methods. We quantified the concentration of reduced Pr3+, at the near-surface
region of PCO as a function of electrochemical potential, corresponding to a wide range of
effective p02. We found that the Pr3+ concentration at the surface was significantly higher
than the values predicted from bulk defect chemistry. This finding indicates a lower
effective defect formation energy at the surface region compared with that in the bulk. In
addition, the Pr3+ concentration has a weaker dependence on p02 as compared to that in the
bulk.
7.1. Introduction
In this chapter, we apply the idea of controlling oxygen defect chemistry electrochemically
to yet another functional oxide. We will show that the combination of electrochemistry and
in operando AP-XPS/XAS is a very powerful tool for the better understanding of oxygen
defect chemistry in the near-surface region of mixed ionic and electronic conductors
(MIECs). MIEC oxides based on ceria have been used and studied extensively in clean
energy related applications, ranging from solid oxide fuel/electrolysis cells
(SOFC/SOECs)1 76,8 ,177 , thermo-chemical fuel synthesis 9 to automotive exhaust three way
catalysts (TWCs)1 78 179. Recently, ceria based MIECs have also been explored as candidate
materials in resistive switching devices 80 '181. Such memristive devices show promise to
4 This is chapter is adapted from a manuscript submitted to ACS journal Chemistry ofMaterials. Copy right
2017 American Chemical Society.
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become the next-generation memory storage technology given potential high packing
density and ultra-low power consumption." In all of these applications, a deep
understanding of defect chemistry is essential in tuning and optimizing the oxygen vacancy
concentration to maximize the key figures of merit. 8 2 Multiple key processes in the above
mentioned applications are localized to the surface, including oxygen reduction/evolution
reactions and H20/CO2 electrolysis. Quantifying the defect chemistry localized at the near-
surface region and relating that to surface reaction kinetics is therefore meaningful and
technologically relevant. The bulk defect chemistry for doped and undoped ceria has been
well quantified. 8 3 Obtaining a clear and quantitative assessment of the defect equilibria at
the surface region has been more challenging given difficulties in achieving well-controlled
and reproducible atmospheres and electrochemical environments. Earlier studies on nano-
crystalline ceria has suggested that large deviations from the defect chemistry characteristic
of the bulk exist at the near surface regions18 4 185 . The seminal work reported by Chueh et
al.1 8 6 and Feng et al.40 successfully utilized in operando X-ray photoelectron spectroscopy
(XPS) to reveal the surface defect concentration of Sm-doped ceria in a reducing, H2/H 20
atmosphere at elevated temperatures. Highly reducing conditions were necessary in those
studies to minimize charging issues in the XPS experiments by generation of sufficient
electronic conduction. The surface polaron (Ce 3 or CeCe in Kr6ger-Vink notation)
concentration was altered either chemically by changing gas composition, or
electrochemically by applying electrical bias. In both cases, the surface polaron
concentration was found to be orders of magnitude higher in concentration than that in the
bulk, which also led to a much higher surface chemical capacitance compared with that of
the bulk.'87 While those works covered the regime of reducing conditions, to date there
have been no reports on the surface defect chemistry equilibria of ceria-based oxides
operating in the high PO2 oxidizing regime (~A bar), close to the operating condition for
SOFC cathodes or SOEC anodes. This is largely due to the very low electronic conductivity
of pure or Sm-doped ceria in this high PO2 regime, which in turn hinders the feasibility of
the spectroscopic measurements. For resolving the defect chemistry of the surface at high
pO2, praseodymium-doped ceria ((Pr,Ce)0 2-s, denoted as PCO) is an excellent model
system. PCO has a relatively high electronic and ionic conductivity even in the high PO2
regime due to the readily reducible Pr component.1 88 Moreover, the bulk defect
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chemistry189, chemical capacitance1630 as well as chemical expansion properties2,190 are
already well understood, rendering PCO an ideal system for contrasting bulk and surface
behavior.
In this chapter, we combine in operando AP-XPS/XAS with solid-state electrochemistry
using PCO as the working electrode, in order to quantify the surface defect chemistry of
doped ceria under oxidizing conditions. The electrochemical cell consisted of a PCO thin
film deposited on an YSZ single crystal substrate, with porous Pt as counter electrode and
dense Pt finger electrode as current collectors. We revealed the surface polaron
concentration of PCO at T = 450 'C and pO2 = 200 mTorr under applied electrochemical
potentials ranging from -0.5 V to 0.5 V, corresponding to an effective p02 range of roughly
10-" to 107 atm. Based on Pr M4,5-edge XAS, this effectivep02 range completely covered
the oxidation state change of Pr from 3+ to 4+ (i.e., from Prpr to PrA.). We extracted the
Pr3+ concentration as a function of applied bias, or effective PO2, by reconstructing the Pr
M4,5-edge X-ray absorption spectra. As a result, we found that the surface Pr3"
concentration deviated significantly from the bulk defect chemistry. More interestingly,
the slope of log([Pr 3+]) vs log(p02) at the surface was found to be smaller than that derived
for bulk defect equilibria. This difference in slope might indicate the presence of strong
defect interactions at the near-surface region at such high concentrations of point defects.
Alternatively, it may reflect the system achieving minimization of strain energy by
segregation of the larger Pr3+ ions to the surface, more consequential at overall low Pr3+
concentrations at more oxidizing conditions. Finally, we resolved the energy position of Pr
defect states in the electronic structure by performing resonant photoelectron spectroscopy.
7.2. Quantifying Pr oxidation state by in operando X-ray absorption spectra
We quantified Pr oxidation state as a function of applied electrochemical potential on PCO
electrode by measuring and carefully analyzing the Pr M4,5-edge XAS spectra, shown in
Figure 7-1. By comparing the Pr M4,s-edge XAS spectra measured under the most oxidizing
(0.5 V) and most reducing (-0.5 V) conditions with literature data' 91, we can confirm that
under 0.5 V bias the Pr cations in PCO were fully at Pr4 + oxidization state, while Pr cations
were fully reduced to Pr3+ under -0.5 V bias. Therefore, the spectra under any biases
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between -0.5 V-0.5 V can be reconstructed by a linear combination of spectra under 0.5
V with a variable ratio of [Pr3+]/[Pr4*]. The spectrum reconstruction result is shown in
Figure 7-1(b), which confirm the good agreement between the measured spectra and the
calculated spectra by linear combination. By using this method, we can extract the Pr
oxidation state with different applied electrochemical potentials under the in operando
XAS measurement condition. We also confirmed that the oxidization state of Ce stayed
unchanged throughout the applied electrochemical potential, by measuring Ce 3d XPS
spectra (see Figure 7-2).
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Figure 7-1 In operando Pr M4,s-edge measured at T= 450 *C and p02= 200 mTorr, as a
function of applied electrochemical potential on (Pr,Ce)02 electrode. (a) Two end-
member spectra under +0.5 V and XAS spectrum under 0 V bias, which shows that the
0 V spectrum is a superposition of two end-member spectra. The dashed lines indicate
the peak position of Pr3+ and Pr4 * oxidation states. (b) Pr M4,5-edge spectra in the bias
range of -0.5 V-0.5V. The lines are the linear combination of spectra under -0.5 V and
0.5 V by choosing the proper [Pr4*] concentration to reconstruct the data. Dash lines are
guides to the eyes to point out the change of the line shapes as a function of applied bias.
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Figure 7-2 In operando X-ray photoelectron spectra of Ce 3d at 0. 5 V and -0. 5 V applied
electrical biases. The line shapes were almost identical, while the peak shift is due to the
shift of Fermi level induced by applied electrochemical potential (i.e., electronic shift
rather than chemical shift).
7.3. Surface and bulk defect chemistry of PCO
From the spectra reconstruction result shown in Figure 7-1, we could extract the [Pr4']
fraction as a function of applied bias on PCO, which is shown in Figure 7-3(a).We can
convert the applied electrochemical il to effective oxygen partial pressure p02,eg by using
the Nernst Equation, as discussed in 1.2. We assume applied electrochemical I; equals to
applied electrical bias on PCO electrode, which will be discussed in details later.
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Figure 7-3 (a) Pr4 * fraction, i.e. [Pr4*]/([Pr3 +]+[Pr4*]), as a function of applied bias. The
data points were extracted from spectra reconstruction results shown in Figure 2. (b)
Reduced Pr cation concentration (i.e, [Pr3+]/([Pr]+[Ce]), shown in Kr6ger-Vink notation
Pr,.) as a function of effective P 0 2 (p0 2,eff, calculated from applied bias using Nernst
Equation). The blue dots are literature data reported by Chen et al.'6 on bulk thin film
PCO.
We convert the [Pr4*] fraction to the concentration of reduced Pr cations, i.e. the
concentration of polarons localized on Pr sites, by using the quantification of surface
composition, [Pr]/([Pr]+[Ce]), on PCO using XPS. [Pr]/([Pr]+[Ce]) was measured to be
around 12%, which is slightly higher than the nominal composition of the PCO target used
for thin film deposition (Pro.lCeo.902-6). The resulting [Pr3+]/([Pr]+[Ce]), denoted in
Kr6ger-Vink notation Prce, is shown in Figure 7-3(b). It is interesting to compare the
surface defect equilibria with the bulk defect equilbria of the nominally same PCO thin
films reported by Chen et al. 16, also shown in Figure 7-3(b). One can immediately notices
that the surface [Pr3+] concentration is far higher than that of the bulk, even under highly
oxidizing conditions. In both cases, the [Pr3+] concentration reaches saturation under highly
reducing conditions, which is fixed by the Pr dopant concentration. However, moving
towards the higher PO2 regime, the surface and bulk defect [Pr3+] follow different power
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law slopes. For the bulk PCO thin films, the log([Prp,])-log(pO2) plot shows a slope of -
1/6, which is well understood based on the defect chemistry model of PCO8"8 , i.e. the
negatively charged PrCe ions are charge compensated by positively charged oxygen
vacancies V0 . On the contrary, the the P02 conentration dependence of PrCe showed a
much shallower slope close to -1/11.
This much shallower slope in the [Prpr] v.s. PO2 on PCO is similar to that found for [Ce 3+]
vs. PO2 dependence found for Sm-doped ceria, as reported by Feng et al.40 However, the
conditions for these two observations are highly different. The surface defect chemistry of
Sm-doped ceria was probed in highly reducing H2/H20 atmosphere, while this work on
PCO was performed over a wide effective PO2 range, targeting oxidizing conditions. This
similarity of surface reduction under vastly different conditions suggests that this
phenomenon is more related to the nature of ceria oxide surfaces rather than gas adsorbates
under different atmospheres. The observed shallower PO2 dependence indicates that the
surface segregation energy of Pr3+ is a function of Pr31 concentration, which can be
explained by several possible mechanisms. Firstly, one might wonder if this phenomenon
can be explained by a space charge layer model, similar to examples found in SrTiO3. 192
In principle, enrichment of oxygen vacancies at the surface can form a positive space
charge core, surrounded by an increase in polaron (Prce) concentration in the space charge
zone near the surface. However, the existence of a wide space charge region in such a
system with high dopant concentration is unlikely, due to the very strong screening
expected. Moreover, earlier work by Chueh et al. on Sm-doped ceria 8 6 did not find any
evidence for supporting the existence of space charge layers. An alternative explanation,
which we think is more plausible, is the influence of the defect-defect interactions. These
interactions in the heavily doped, non-dilute systems, increases as a function of increasing
polaron or oxygen vacancy concentration 93 194, while assuming local charge neutrality
with the coexistence of oxygen vacancies and charge-compensating polarons at the near-
surface region186'1 ". Defect interactions and ordering can be more pronounced on oxide
surfaces19-197. Such defect interactions result in a concentration-dependent formation
energy of oxygen vacancies. A stronger contribution from defect-defect interactions is
expected moving towards more reducing conditions. This effect is expected to be stronger
114
at the surface, and so the vacancy formation is more significantly suppressed with reducing
pO2than in the bulk, leading to the shallower slope observed. The third possible mechanism
for the slope change is the effect of strain energy minimization. Previous studies1 98 showed
that reduction of Pr4" to Pr3+ in PCO causes lattice expansion due to the larger ion radii of
Pr3+. Therefore, the system has a tendency of repelling the larger Pr3+ ions to the surface in
order to minimize the strain energy, which is similar to the mechanism of surface
segregation of alkaline metal dopants reported in perovskite oxides' 99. Such surface
segregation of dopants with larger diameters as compared with the host cations was shown
to decrease with an increase in bulk dopant concentration, as supported by molecular
dynamic simulations in our previous study on aliovalent doped ceria200. These observations
would also explain the smaller difference between surface and bulk Pr3+ concentration
under more highly reducing conditions. While several possible mechanisms for the
observed weaker PO2 dependence of Pr3+ concentrations at the surface have been
suggested, the origin of this slope change, nevertheless, requires further study.
7.4. Surface electronic structure probed by resonant photoelectron spectra
We also performed RESPES near Pr Ms-edge in order to shed more light on the surface
electronic structure of PCO, especially the partial density of states (pDOS) of Pr. As shown
in Figure 7-4(a), we measured XPS valence band (VB) spectra at both off-resonance
photon energy before Pr Ms-edge and on-resonance photon energies at the absorption
maxima corresponding to Pr3" and Pr4+ oxidization states. As shown in Figure 7-4(b), the
on-resonance VB spectra showed much higher intensity compared with off-resonance VB
spectra, regardless of the applied bias. This proves the valence band of PCO is mainly
consisted of Pr 4fstates, consistent with earlier results reported in literature. Taking a closer
look at the line shape of the on-resonance data, we found that while there were no
appreciable changes in on-resonance VB spectra at Pr3* XAS maximum, clear changes of
VB shapes as a function of applied bias were observed for spectra excited at Pr 4 absorption
maximum, shown in Figure 7-4(c). This can be explained by the variable [Pr4+]
concentration determined by the applied electrochemical potential, which leads to the
change of pDOS of Pr in the valence band. Future work combining with computational
study is needed to further clarify the detailed information in the change of pDOS.
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From the RESPES VB spectra, we can also obtain the valence band maxima (VBM) at
three different excitation energies, summarized in Figure 7-4(d). We found that the VBM
changed with applied bias with a slope of IeV/V. This is not surprising since the applied
bias effectively changes the chemical potential of electrons, as also reported in earlier XPS
experiments on perovskite49" and fluorite 40 oxides. On the other hand, this also proves that
the applied biases equal to the electrochemical potentials applied onto PCO electrode. More
interestingly, we found a -1.3 eV difference between the VBM obtained from off-
resonance and on-resonance spectra. This difference originates from the distance between
O 2p and Pr 4f band, as shown in Figure 7-4(e), since the VB spectra use Fermi level as
the reference point. The measured 0 2p-Pr 4f distance agrees very well with the earlier
work measured by electron energy loss spectra.20'
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Figure 7-4 In operando resonant photoelectron spectra (RESPES) on PCO. (a) Photon
energies selected for RESPES. The off-resonance (off-res) valence band (VB) spectra
were collected at an exciatation energy before the Pr M4,s-edge, while the on-resonance
(on-res) VB spectra were measured at photon energies which correspond to the positions
of Pr3+ and Pr4 * XAS peaks. (b) Representative RESPES VB spectra at off-resonance
and on-resonance photon energies, under applied biases of -0.5 V, 0 V and 0.5 V. The
VB spectra were normalized by 0 2s peak at -20 eV. (c) On-resonance VB spectra
measured at an excitation energy of 932.6 eV (the maximum XAS peak of Pr4 *). The
binding energy was shifted to align the Fermi edge, allowing for the comparison of the
line shapes. The arrow shows the direction from negative bias to positive bias (reducing
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7.5. Conclusion
In conclusion, we quantified how the surface defect chemistry of PCO differs from the bulk
counterpart by utilizing in operando X-ray spectroscopic tools. The surface Pr 3
concentration was obtained directly from the Pr M4,s-edge in operando XAS data over a
wide effective PO2 range, accessed by applying cathodic and anodic electrochemical
potentials, and was found to be significantly higher than that in the bulk at a given pO2.
The much shallower slope of the log[Prce] v.s. log PO2 dependence for the PCO surface
compared with that in the bulk indicated the possible existence of strong defect-defect
interactions near the surface or the effect of strain energy minimization. We also probed
the change in the Pr-related density of states in the valence band, induced by changes in
electrochemical potential, by measuring the valence band spectra on-resonance at the PrO
absorption maximum. The energy level position of Pr 4f states probed by RESPES was
consistent with previous data measured by electron energy loss spectroscopy.
In our opinion, the implication of the revealed PCO surface defect chemistry is two-fold.
First, this work showed that, similar to that reported for Sm-doped ceria under reducing
conditions 86, that the surface defect formation energy for PCO is much lower than that of
the bulk in this case even under highly oxidizing conditions,. Therefore, one cannot assume
that the same defect chemistry model still holds when considering surface-limited
electrochemical processes. Second, our findings may lend important insights for
constructing micro-kinetic models to better understand the mechanism of oxygen surface
exchange reactions. For example, it may no longer be valid to use oxygen vacancy
concentrations predicted by bulk defect chemistry equilibria in an attempt to describe
surface reaction limited steps. These new insights related to the surface defect chemistry
can be expected to aid in the design of SOFC/SOEC electrodes or active materials for
thermo-chemical fuel production with superior performance.
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Chapter 8. Comparing Electrochemical Effect and Strain Effect
in Tuning Oxygen Defect Chemistry: The Case of Nd 2NiO4 +,
Synopsis Elastic lattice strain offers a new pathway for tuning the formation energy of
oxygen defects, which can be used to improve the electrochemical performance of
functional oxides. In this chapter, we show that oxygen defect chemistry in Ruddlesden-
Popper (RP) phase oxide Nd2NiO4+6 (NNO) can be influenced by the lattice strain induced
by lattice parameter mismatch between thin films and substrates. The changes of surface
chemical states induced by the formation of oxygen interstitials, most importantly the holes
localized at Ni 3d and 0 2p orbitals, were characterized by in operando X-ray absorption
spectroscopy. We found that the NNO thin film with tensile strain along the c-axis has
lower formation enthalpy of oxygen interstitials compared with sample with compressive
strain. This finding can potentially provide new insights for how to improve the
electrochemical reactivity of NNO in multiple applications.
8.1. Introduction
Among the multiple tuning knobs that can be used to control the oxygen non-stoichiometry,
as discussed in 1.2, the effect of elastic lattice strain, based on the chemo-mechanical
coupling between oxygen defects and lattices 22, is of particular interests. By implementing
strain engineering, one can achieve the modulation of oxygen non-stoichiometry without
introducing dopants or changing the cation chemical composition of the oxides. Therefore,
there have been extensive studies focused on the effect of strain on the equilibria and
dynamics of oxides with structures of fluorites 26 ,180 ,18 1 ,2 02 , perovskites 10,203-207 as well as
more complicated layered structures such as Ruddlesden-Popper (RP) phase (A2BO4)' 9 and
Brownmillerite phase (ABO2. 5) 2 08. Although the majority of the experimental and
computational work reported reduced oxygen vacancy formation enthalpy induced by
tensile biaxial strain, the recent work done by Balaji Gopal et al.26 showed non-monotonic
strain effect on CeO2 surfaces. The complicated and even seemingly conflicting reports
call for more studies for further investigations.
The effect of strain might be more complicated for layered oxides, for example, RP phase
oxides A2BO4, due to the inherent anisotropy in chemo-mechanical coupling. RP phase
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oxides, such as A2NiO 4+6 (A = La, Pr, or Nd) have been studied as candidate materials for
solid oxide fuel cell cathodes with promising electrochemical performance 3,209-213. RP
phase oxides also provide a unique platform for gaining more fundamental knowledge,
since the dominant oxygen point defects of undoped RP phase oxides are usually oxygen
interstitials, which are not common in oxides with perovskite or fluorite structures. Several
interesting phenomena, including anisotropic chemical expansion2 14 ,2 15, and peculiar defect
equilibria2 16 caused by hole degeneracy 2 172 18, have been reported on RP phase oxides.
Nevertheless, the effect of lattice strain on the defect chemistry equilibria of RP phase
oxides has not been fully understood yet, despite the unusually anisotropic chemo-
mechanical coupling observed19 . Our previous study2 19 on Nd2NiO4+8 (denoted as NNO)
showed that the oxygen reduction reactivity of NNO can be enhanced by introducing
tensile strain along the c-axis of this lattice. The NNO thin films grown on yittria-stablized
zirconia (YSZ) substrates with (110) and (111) orientations showed distinct strain states
along c-axis. NNO/YSZ(1 11) with tensile strain along c-axis showed 2-10 times faster
oxygen reduction kinetics compared with NNO/YSZ(1 10) with compressive strain. The
increased oxygen interstitial concentration induced by tensile strain was suggested as one
of the main factors contributing to this performance enhancement.
In order to provide a deeper understanding on how the c-axis lattice strain determines the
defect chemistry equilibrium, we utilized in operando AP-XAS to quantify the surface
chemical state of Ni and 0 of strained NNO thin films. The quantified surface chemical
information, especially the hole concentration resided at both Ni 3d and 0 2p orbitals, can
be used to estimate the oxygen non-stoichiometry 5 in NNO and clarify the effect of strain
on oxygen interstitial concentration. We performed AP-XAS measurements on NNO thin
films on YSZ (110) and (111) substrates, with the same structures and strain states as
reported in our previous study. The use of YSZ substrates also means that we could use the
substrates as solid electrolyte for conducting oxygen ions, as shown in Chapter 4. Therefore,
we were able to apply biases onto NNO thin films to alter the oxygen electrochemical
potentials in NNO without changing the gas atmosphere pressure and composition. The
AP-XAS measurements of Ni L2,3-edge and O K-edge were collected in a condition of T=
450 0C, PO2 = 1 x 10-3 atm and applied biases of -0.75 V-0.75 V. The condition for the in
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operando measurements is technologically relevant to several applications such as
electrodes of solid oxide fuel/electrolysis cells (SOFC/SOECs). We observed an increase
of intensity of the shoulder peak of Ni L3-edge as well as pre-edge peak in the 0 K-edge,
going from cathodic bias of -0.75 V to the anodic bias of 0.75 V, which indicates increased
populated empty states in both Ni 3d and O 2p orbitals. Furthermore, we show a clear effect
from c-axis strain on the defect chemistry equilibria of NNO. The hole concentrations
quantified from both Ni L3-edge and 0 K-edge for tensile strained samples are much higher
than those of compressive strained samples. This means a lowered formation enthalpy for
oxygen interstitials induced by the tensile strain along the c-axis of NNO lattice. Our
findings prove that one can utilize elastic strain effect to modify the defect chemistry of
RP phase oxides. This strain effect may provide a new route for better the performance of
RP phase oxides in multiple applications where oxygen defects play an important role, such
as SOFC/SOECs, catalysts for oxygen reduction/evolution reaction (OER/ORR) as well as
resistive switches.
8.2. In operando X-ray absorption spectra of strained Nd2NiO4+8 thin films
To investigate the effect of lattice strain on the oxygen non-stoichiometry (6) and
associated change of surface chemical states, we performed in operando XAS
measurements on NNO thin films with two distinct strain states grown on YSZ substrates
with different orientations. The NNO thin film grown on YSZ (110) substrates showed
compressive strain along the c-axis of the lattice, while c-axis of the films on YSZ (111)
was tensile strained, consistent with our previous study219. The XRD results on these
samples compared with unstrained NNO/GDC/YSZ(001), which are direct proof of
applied lattice strain, are shown in Figure 8-1. We measured Ni L2,3-edge and 0 K-edge
spectra under T = 450 'C, PO2 = I x10- atm and applied biases ranging from -0.75 V to
0.75V, which covers a wide range of electrochemical drive force and effective pO2. The
spectra were collected after the current was stablized for each applied bias, to ensure the
collected data can reflect the actual states under the biases.
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Figure 8-1 X-ray diffraction results on strained NNO thin films on YSZ of different
orientations. The black dash lines indicate the expected peak positions for NNO (101)
and NNO (200) without the presence of lattice strain.
Figure 8-2 shows the Ni L2,3-edge for tensile and compressively strained sample as a
function of applied electrical biases. Compared with the Ni L2,3-edge spectra in literature
on of RP phase La2NiO4+6 220, our data can better represent the change of Ni oxidation state
changes since the complication from the overlapping with La M4,s-edge does not exist in
our composition. Therefore, clear peak shape changes can be observed in the Ni L-edge
spectra as a function of applied biases. Based on literature data on Nd2-xSrxNiO41 33 , the
main peak at -853 eV is mainly from the Ni 2+ oxidation state, while the increase of the
shoulder peak intensity at higher photon energy (-854.5 eV) indicates an increase of Ni 3+
oxidation state. Our results were well in line with this interpretation, since the shoulder
peak intensity increases following the direction from cathodic biases (-0.75 V) to anodic
biases (0.75 V). Since the concentration of oxygen interstitials is dependent on the applied
electrical bias, a more positive bias increases the concentration of oxygen interstitials,
which also increases the oxidation state of Ni cations. Moreover, it can be already seen that
there is appreciable differences between tensile and compressive strained samples in terms
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of shoulder peak intensity. Tensile strained samples showed a higher shoulder peak,
indicating an increased Ni3+ concentration and thus an enhanced incorporation of oxygen
interstitials.
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Figure 8-2 Ni L2,3-edge X-ray absorption spectra of Nd 2NiO4+6 (NNO) thin films under
(a) compressive (grown on YSZ (110)) and (b) tensile strain (grown on YSZ (111))
collected at T = 450 *C, PO2 = 1 x 10-3 atm and applied biases of -0.75 V-0.75 V. The
shoulder peak of L3-edge was observed to be higher for tensile strained NNO, indicating
a higher concentration of Ni3+ oxidation state, as indicated by the green dashed line.
It has been shown in literature that the holes introduced by Sr doping in Nd2-xSrxNiO4 are
roughly equally distributed to Ni 3d and 0 2p orbitals133 . This suggests that the ground
state for Nd2NiO4+6 with high oxygen non-stoichiometry 6 should be a mixed 3d'and 3d8L
(L indicates ligand holes in 0 2p orbitals) state for the nominally high concentration of
Ni3+ oxidation state. Indeed, in the 0 K-edge spectra shown in Figure 8-3, we observed a
clear trend of increasing oxygen pre-edge peak intensity following the direction from -0.75
V to 0.75 V. This observation suggests that the holes induced by oxygen interstitials occupy
hybridized Ni 3d and 0 2p orbitals, which is consistent with earlier report on La2NiO4+s,
and also perovskite-structured transition metal oxides such as SmNiO3. Similar to Ni L-
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edge, the 0 K-edge data differs for tensile and compressively strained samples. Tensile
strain induced higher pre-edge peak intensity, which is in line with the higher concentration
of Ni3+ shown by Ni L-edge spectra.
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Figure 8-3 0 K-edge X-ray absorption spectra of Nd2NiO4+s (NNO) thin films under (a)
compressive (grown on YSZ (110)) and (b) tensile strain (grown on YSZ (111))
collected at T = 450 *C, p02 = 1 x 10-3 atm and applied biases of -0.75 V-0.75 V. The
strong dip at -530 eV, as well as irregular shape at -538 eV and -541 eV are due to the
absorption caused by oxygen molecules in the analysis chamber221
8.3. The effect of lattice strain on oxygen non-stoichiometry
In order to get more quantitative insights on the effect of c-axis strain on oxygen non-
stoichiometry, we performed further analysis on the Ni L2,3-edge and 0 K-edge spectra. In
order to get Ni3 + concentration, we measured Ni L2,3-edge under a very reducing condition
in CO/CO2 mixed gas atmosphere (p02 = 2.9x10-23 atm). According to defect chemistry
equilibria reported in the literature 21 4 , oxygen non-stoichiometry in NNO approaches to
zero under such reducing conditions, therefore the spectrum collected can provide a
reference spectrum on pure Ni2+ oxidation state in NNO (6 - 0). By using this reference
spectrum, we were able to obtain the Ni 3+ by separating the spectral contributions from
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Ni3 ' and Ni2+ oxidation states. Therefore, we were able to quantify the Ni 3+ fraction as a
function of applied electrical biases. As shown in Figure 8-4(a), under reducing conditions
(negative biases), the Ni3 + concentrations for tensile and compressive strained samples did
not differ too much, but appreciable differences were observed under oxidizing conditions.
Under 0.75 V, tensile strain almost doubled Ni3 1 concentration in comparison with the case
of compressive strain.
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Figure 8-4 Quantified (a) Ni 3 1 peak area (represented as the weight ratio in the total
intensity of Ni peak) and 0 K-edge pre-edge peak area plotted as a function of applied
biases.
Similarly, more quantitative results can be extracted from 0 K-edge spectra, which is
shown in Figure 8-4(b). The pre-edge peak area indicates the number of ligand holes
introduced by oxygen interstitials. The trends of pre-edge peak area of 0 K-edge are
essentially the same as Ni3+ concentration. The higher pre-edge peak area induced by
tensile strain again indicates higher hole concentration and oxygen non-stoichiometry
compared with compressive strained sample.
The very similar bias dependence observed for the hole concentrations extracted from Ni
L2,3-edge and 0 K-edge spectra indicates the hybridization of Ni 3d and 0 2p orbitals and
a distribution of holes in both orbitals. In Figure 8-5Figure 8-5, we plot the Ni 3+
concentration (Figure 8-4(a)) against 0 K-edge pre-edge peak area (Figure 8-4(b)) for both
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tensile and compressive strained samples. The linear correlation can be observed for these
two quantities, meaning that these two features (the Ni3+ weight ratio in Ni L-edge and pre-
edge peak in 0 K-edge) are most likely have the same origin. This finding is in consistent
with the roughly equal residence of holes at Ni 3d and 0 2p induced by Sr dopants in Nd2-
xSrxNiO4 reported by Hu et al.13 3 However, Nakamura et al. reported nearly no change of
Ni L-edge spectra under different P0 2 in La2NiO4. The seemingly different conclusion,
although likely originated from different material compositions (La or Nd at A-site of the
lattice), but is more likely due to the following reasons: 1) the overlapping between La M-
edge and Ni L-edge made the quantitative analysis of Ni L-edge spectra difficult; 2) the
applied biases in this work are much higher than the work reported by Nakamura et al. 220,
therefore a larger change in hole concentration can be introduced in order to observe more
appreciable changes in Ni L-edge spectra.
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Figure 8-5 Ni3+ peak area extracted from Ni L2,3-edge spectra (Figure 4(a)) plotted
against 0 K-edge pre-edge peak area (Figure 4(b)) to show the correlation between the
concentrations of holes in Ni 3d and 0 2p states. The dashed diagonal line acts as guide
to the eyes.
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8.4. Conclusions
In this chapter, we investigated the effect of lattice strain along the c-axis of NNO on the
formation enthalpy of oxygen interstitials. Combining the changes in spectral features
obtained from Ni L2,3-edge and 0 K-edge absorption spectra, we observed a much higher
concentration of oxygen interstitials at the NNO/YSZ (111) surfaces with applied tensile
strain. Furthermore, the linear correlation observed between the Ni" concentration
extracted from Ni L2.3-edge and ligand hole concentration from 0 K-edge indicates the
sharing of holes between Ni 3d and 0 2p orbitals. Therefore, the tuning of oxygen defect
chemistry in NNO shown here can potentially provide new pathways of enhancing the
performance of RP phase oxides in multiple applications via strain engineering.
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Chapter 9. Bi-Directional Tuning of Thermal Transport in
SrCoO. with Electrochemically Induced Phase Transitions
Synopsis While insertion of excess atoms into a material usually leads to a reduced thermal
conductivity, we show that electrochemically oxygenating the brownmillerite phase
SrCoO2.5 to perovskite phase SrCoO3 increased the thermal conductivity by more than a
factor of three, but incorporating protons (H') to form H-SrCoO2.5 effectively lower the
thermal conductivity by an equal factor. Such bi-directional tuning of thermal conductivity
over a decade is achieved by ionic liquid gating to trigger the "tri-state" phase transitions
electrochemically in one device. All-solid state devices with the same operation principles
were also fabricated based on ion gels as electrolytes. The role of different ionic species in
determining thermal transport was revealed by combining chemical and structural
information from X-ray absorption spectroscopy and thermal conductivity measured by
time-domain thermoreflectance method. This ability to tune thermal conductivity over a
large range by using electrical bias can thus provide new routes for reversibly manipulating
thermal transport properties of functional oxides. Such a capability is important for solid
state devices used in thermal management, sensing as well as energy harvesting.
9.1. Introduction
In Chapter 4-7, we showed the using of electrochemical potentials for tuning oxygen
stoichiometry in multiple oxide systems, which provides a method of controlling oxide
properties that is easy to implement. However, this strategy relies on the use of solid
electrolyte which can only conduct oxide ions at elevated temperature (-300 'C for YSZ),
which imposes constraints to applications in practical solid state devices. In this chapter,
we explore the possibility of extend the electrochemical control of oxygen defects to the
room temperature regime. This possibility is enabled by the use of ionic liquid, which has
a high ionic conductivity even at room temperature 222 . The electrochemical effect induced
by ionic liquid gating is beyond the simple electrostatic effect4 3,46,223-225 , while the latter
was believed to be responsible for high carrier concentration modulations in earlier
literatures" 4. Moreover, ionic liquid can be encapsulated in a polymer framework to form
ion gels226 . In this part of work, we achieved the tuning of thermal conductivity in SrCoOx
by applying this strategy of electrochemical modulation of oxygen stoichiometry at room
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temperature. The work in this chapter stems from the collaboration within the framework
of Interdisciplinary Research Group (IRG-3) project funded through Center for Materials
Science and Engineering (CMSE) MRSEC at MIT. The thermal conductivity
measurements were performed by Samuel Huberman from Prof. Gang Chen's group at
MIT.
In contrast to the wide dynamic control of electrical conductivity such as field-effect
electronic devices, there does not exist an analogous ability to manipulate thermal
conductivity in a given material. Two strategies for tuning thermal conductivity are
commonly pursued. The first is to use structural phase transitions to modify the phonon
dispersion and the concomitant properties (modewise specific heats, group velocities and
lifetimes). For example, the metal to insulator transition in V0 2 relies on moving across a
critical temperature of 340 K to affect a -30% change in thermal conductivity.2 27 In PbTiO 3
thin films, a -15% change in thermal conductivity due to changes in the ferroelectric
domain density as a function of electric field has been reported.228 Molecular dynamics
based modeling of this system predicts a -20% change in the interface conductance across
a ferroelectric domain. 229 The other strategy is to manipulate the magnitude of disorder
from defects to control the intensity of phonon scattering. For instance, the use of Li' ion
intercalation in the LiCoO2 electrodes of electrochemical cells have demonstrated
reversible changes of -150% to 270% in thermal conductivity. 230 The impact of Li' ion
intercalation upon thermal conductivity has also been theoretically investigated in graphite,
reporting a 3 to 5 fold change23 ' and experimentally studied in MoS2, reporting a 2 to 5
fold change.232 Recently, the negligible effect of oxygen non-stoichiometry in
Lao.5Sro.5CoO3 thin films on thermal conductivity was reported.23 On the other hand, in a
recent work, oxygen stoichiometry were shown, for example, in Pro.ICeo.902 thin films to
induce a 50% change in thermal conductivity over a 10% change in the oxygen non-
stoichiometry.5 Among all the examples above, which take the approaches of either
structural phase transition or defect engineering, the tunable range of thermal conductivity
still remained small.
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In this part of work, we combine both strategies; ions are electrochemically inserted into
strontium cobalt oxide (SrCoO2.5, denoted as SCO) thin films and trigger phase transitions
to yield large reversible changes in thermal conductivity at room temperature. This large
tuning range is achieved by spanning three distinct phases induced via the incorporation of
two different ions, H' and 02-. We chose SCO as the material system of interest due to the
"tri-state" phase transitions achieved by the incorporation of ionic species, which can be
induced by ionic liquid gating.2 34 More specifically, the phase transition from the
Brownmillerite phase SrCoO2.5 (BM-SCO) to the perovskite phase SrCoO3-S (P-SCO, 8
represents oxygen non-stoichiometry) can be triggered by applying an anodic bias to
oxygenate the SCO, which is also detailed in Chapter 4&5221,235. Hydrogenating SCO to
form the proton (H') containing H-SrCoO2.5 (denoted as H-SCO) can be induced by
reversing the polarity of the gating voltages to cathodic biases. While BM-SCO-P-SCO
phase transition is accompanied by an insulator-metal transition 14 ,13 8,2 3 4 , the BM-
SCO4H-SCO transition introduces a further opening of the bandgap in SCO.2 34
Considering the distinct chemical compositions, crystal and electronic structures of these
three phases (P-SCO, BM-SCO and H-SCO), it is reasonable to expect a significant change
in thermal transport. We hypothesize that the insulator-to-metal transition during the
BM-P phase transition should greatly enhance the thermal conductivity of SCO, since the
increase in electronic carriers in P-SCO can contribute to the number of thermal energy
carriers. On the other hand, the phase transition to H-SCO is expected to decrease thermal
conductivity, due to more scattering mechanisms introduced by intercalated protons. Time-
domain thermoreflectance (TDTR) measurements (performed by S. Huberman) showed
that BM-SCO -P-SCO phase transition indeed increased the thermal conductivity k by
more than a factor of 3, while the BM-SCO 4H-SCO phase transition led to a decrease of
k to -30% of the original value. Combining these bidirectional phase transitions triggered
in the same device, we achieved a tunable range of one order of magnitude in thermal
conductivity. We also constructed a solid state version using ion gels capable of producing
a 4x reversible change in thermal conductivity. Moreover, the use of ion gels introduced a
lateral gradient of H' concentration in SCO thin films, allowing us to relate the ionic defect
concentration to thermal transport systematically. Overall, our work provides a new route
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for tuning thermal conductivity by using electrochemically induced tri-state phase
transitions.
9.2. Results and Discussion
9.2.1. Electrochemically induced phase transition in SrCoOx via ionic liquid or ion gel
gating
High quality BM-SCO thin films (-44 nm) were grown on yittria-stablized zirconia (YSZ)
substrates with (1 00)-orientation, which were similar to the samples used for in situ XRD
(Chapter 4) and AP-XPS/XAS (Chapter 5) studies. Ion intercalation induced phase
transition was done by using ionic liquid gating with BM-SCO as a working electrode, as
shown in Figure 9-1(a). We used 1 -hexyl-3-methylimidazolium
bis(trifluormethylsulfonyl)imide (HMIM-TFSI) 4 3 ,2 3 4 ,2 3 6 as the ionic liquid electrolyte.
Electrical biases were applied between BM-SCO thin films and a wound platinum wire as
the counter electrode. We refer an anodic bias (oxidizing) applied on BM-SCO as a positive
gate voltage. We could switch BM-SCO to the oxygenated perovskite phase P-SCO by
applying a +3 V gate voltage, and to the hydrogenated phase H-SCO by applying a -4 V
gate voltage. We confirmed the phase transition by performing XRD on the switched thin
films, as shown in Figure 9-1(b).
The liquid form of the ionic liquid electrolyte can impose constraints in practical device
applications and also in some material characterization schemes. Therefore, we also
implemented ionic gels for triggering the ion intercalation and phase transition, and this is
a promising approach for a solid state application of this concept. The ion gels were
fabricated by containing the ionic liquid in a block copolymer framework. 226 Figure 9-1(c)
shows a schematic of using ion gels rather than ionic liquid for gating. The oxygenation
using ion gels resulted in chemical and structural changes that are similar as those obtained
by using ionic liquid gating, although a lower oxygen stoichiometry in P-SCO was reached
as shown in Figure 9-2. Hydrogenation using ion gels provided an approach of fabricating
the SCO sample with an H+ concentration gradient laterally, as shown in Figure 9-1(d).
Since both BM-SCO and H-SCO had low electrical conductivity 2 34 , when we applied
biases between the edge of the sample and the top of the ion gel, the hydrogenation reaction
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was observed to be self-limiting due to the difficulty of current collection after forming the
insulting H-SCO (ohmic loss). Figure 9-1(d) shows the estimated overpotential distribution
from the contact to the other end of the sample before forming any H-SCO. As shown in
Figure 9-1(d), the electrochemical driving force decreases gradually starting from the
contact part due to the increased ohmic loss from the resistance from BM-SCO thin film.
The end result was a concentration gradient of H' from the contact area to the other edge
of the thin film sample, as shown in Figure 9-1(d). This concentration gradient provides a
way to study the effect of H' concentration on thermal conductivity, which will be
discussed later.
(a) Platinum wire (
counter electrode
Ionic liquid V
electrolyte
Iw j 1 1TM Sr( nO M SrCoOU
GDC/YSZ
Substrate
H-SCO
BM-SCO (008) - P-sco
P-SCO (002)
H SCO (008)
EnEL
CC
_ 0
G
I I iSLI I I
I I
DC/YSZ
ubstrate
i 44 4 8 s 520 2 4 6 8
20 (Cu Kai *) *Position (mm)
Figure 9-1 Ionic liquid and ion gel gating on the Brownmillerite (BM) phase SrCoO2.5
(SCO) and the effect on thermal transport property. (a) Schematic showing the ionic
liquid gating of SrCoO2.5. (b) X-ray diffraction showing BM-SCO(008) diffraction peak,
hydrogenated SrCoO2.5 (H-SCO) (008) peak after -4 V ionic liquid gating as well as
oxygenated perovskite SrCoO3 (P-SCO) after +3 V gating. The shoulder peak in H-SCO
at higher 20 position is due to the non-switched part of the sample under the silver
electrode used. (c) Schematic showing the ion gel gating of SrCoO2.5. (d) Estimated
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overpotential distribution in SCO thin film sample before the hydrogenation reaction.
The overpotential decreases with positions further away from the contact due the ohmic
loss from the resistance of SCO thin film. The dashed lines matches the position in the
overpotential gradient with the positions in the optical picture of the sample (inset).
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Figure 9-2 (a) X-ray diffraction data showing the P-SCO (002) diffraction peak of P-
SCO obtained by using either ion gels (denoted as gel) or ionic liquid (denoted as liq.)
gating. The diffraction peak at lower 29 angle in the data of P-SCO (gel) was due to the
part that was not covered with ion gels and thus not switched to P-SCO. (b, c) X-ray
absorption spectra of Co L2,3-edge (b) and 0 K-edge (c) measured on P-SCO (gel) and
P-SCO (liq.).
We performed time-domain transient reflectance (TDTR) measurements on BM-SCO, H-
SCO and P-SCO to probe the effect of incorporated ionic species and phase transitions on
the thermal transport property2 7 2 9. Example raw TDTR data is shown in Figure 9-3(a)
and the results of fitting are reported in Figure 9-3(b). We achieved a large range of thermal
conductivity modulation by ionic liquid and ion gel gating. The measured thermal
conductivity k for as-grown BM-SCO was 1.70 0.03 W/(m-K). By using ionic liquid
gating, we were able to at least triple the thermal conductivity by oxygenating SCO to
perovskite, reaching a thermal conductivity of 6.58 1.74 W/(m-K) for P-SCO. As P-SCO
is metallic,, the Weidemann-Franz law predicts a thermal conductivity of -7 W/(m-K) using
literature values for electrical conductivity234,. which is consistent with the value reported
here. We also showed the reversibility of the tuning of thermal conductivity. We measured
a k value of 1.36 0.06 W/(m-K) for an SCO sample which was switched back to BM phase
from P-SCO phase. The slightly decreased thermal conductivity compared with pristine
BM-SCO samples might be due to additional defects or disordering induced by the
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switching cycle. Also, by hydrogenating to H-SCO, the thermal conductivity of SCO thin
films was lowered to 0.44+0.06 W/(m-K), which is less than a third of the BM-SCO value.
Therefore, the thermal conductivity of SCO can be tuned within a range of one order of
magnitude, which surpasses other reports in literature on thermal transport tuning using
ionic species' 210,233. Tunable thermal conductivity can also be obtained by ion gel gating,
albeit the tunable range was smaller compared with ionic liquid gating. The measured
thermal conductivity k for P-SCO and H-SCO switched by using ion gels were 2.47+0.16
W/(m-K) and 0.64+0.09 W/(m-K) (kH-sco was measured at the spot where most
hydrogenated).
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Figure 9-3 (a) Raw TDTR data (circle markers) and best fits (lines) for H-SCO (orange),
BM-SCO (blue) and P-SCO (green). The H-SCO and P-SCO were gated by using ionic
liquid. (b) Thermal conductivity of BM-SCO, H-SCO and P-SCO (gated by either ionic
liquid (denoted as liq.) or ion gel (denoted as gel) measured by time-domain
thermoreflectance measurements. Also, the thermal conductivity of an SCO thin film
which was subjected to a BM-P4BM cycle was measured (marked as rev.). The error
bars are from variations between several measurement spots.
Here we discuss the increased thermal conductivity induced by the BM-P phase
transition, while the effect of BM-SCO-H-SCO phase transition will be discussed in the
later part of this chapter. As defects (isotopic, interstitial, substitutional etc.) are introduced
into a perfect crystal, the thermal conductivity usually decreases since these defects provide
an additional scattering mechanism experienced by thermal energy carriers.14 1 In this sense,
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the increase of thermal conductivity with electrochemical oxygenation of BM-SCO is
surprising. In order to better understand the mechanism of the increase in thermal
conductivity, we measured additional SrCoOx samples with different oxygen stoichiometry
x, as shown in Figure 9-4(a). This step-wise tuning of stoichiometry was achieved by
applying electrical biases onto SCO thin films through the YSZ substrates at 300 'C, which
is the same experimental scheme as detailed in Chapter 4&5. We found that applying
moderate electrical biases (<2 V) induced partial phase transition (Figure 9-4(b)), and the
mixed BM and P phases had higher thermal conductivities compared to pure BM-SCO.
This finding is consistent with literature reporting that reaching a certain oxygen
stoichiometry in SCO is needed in order to complete the BM-P phase
221,23,422transition.2,235,241,242 Once we completed the phase BM-P transition and obtained pure
P-SCO, we observed further increase in k. Therefore, we can be sure that the BM-*P phase
transition, and the associated changes in lattice and electronic structure, is responsible for
the large difference in k between BM-SCO and P-SCO obtained by gating at room
temperature. Furthermore, the difference in k between P-SCO obtained by using ionic
liquid and ion gel gating (denoted as P-SCO (gel) and P-SCO (liq.), see Figure 9-3(b)) can
be attributed to a difference in oxygen vacancy concentration. XRD and X-ray absorption
spectroscopy (XAS) results (Figure 9-2) showed that P-SCO (gel) indeed has a larger
lattice parameter compared with P-SCO (liq.), indicating a higher oxygen non-
stoichiometry level. This higher defect concentration increases the rate of scattering
experienced by the thermal energy carriers, resulting a lower k for P-SCO (gel). We can
construct the correlation between thermal conductivity k and oxygen stoichiometry x in
SrCoOx by summarizing the observations above, which is shown in Figure 9-4(c). In the
region of mixed BM and P phases, the phase transition and the introduced abrupt increase
in electronic carrier density play important roles in determining k. Once the phase boundary
is crossed, the scattering mechanisms from the oxygen vacancies became significant.
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Figure 9-4 (a) Thermal conductivity of SrCoOx plotted as a function of applied electrical
bias (anodic) at 300 *C. (b) XRD results on SrCoOx after applying electrochemical
potentials at 300 'C. The gradual transition from mixed BM+P phases to single P phase
was observed. (c) Expected correlation between thermal conductivity k and the average
oxygen stoichiometry x in SrCoOx. The blue symbols indicate the data points in (a) and
(b) obtained by applying electrical biases at 300 'C, while the P-SCO (gel) and P-SCO
(liq.) are also plotted in the figure for comparison.
9.2.2. The effect of hydrogenation on the thermal transport property of SrCoO2.s
As mentioned above, we succeeded in inducing a proton concentration gradient in SCO
sample by using ion gel gating, which provides us with a novel experimental scheme to
study the effect of ionic defect concentration on thermal transport property. In order to get
more information on the chemical states at different stage of hydrogenation, we carried out
soft X-ray absorption spectroscopy (XAS) on ion gel gated SCO thin film samples. The
beam size of the synchrotron X-ray used was roughly 200 ptmx 100 gm, therefore can
provide enough spatial resolution for probing chemical state change of SCO with different
H' concentrations. Figure 9-5 summarizes the XAS spectra measured at different spots of
the hydrogenated SCO sample, as well as line scan across the H' concentration gradient.
o K-edge and Co L2,3-edge spectra are shown in Figure 9-5(a) and (b), respectively. While
sample spot 1 was as-grown SCO used as contact part (see Figure 9-1(c)), the concentration
of H' decreases following the direction from spot 2 to spot 6 (see Figure 9-1 (d)). Therefore,
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we observed an increase of pre-edge peak intensity going from spot 2 to spot 6 in 0 K-edge
spectra, while even for the 0 K-edge spectrum measured at spot 6, the pre-edge peak
intensity is lower than the spectra at spot 1 (BM-SCO). Since the pre-edge peak represents
the number of ligand holes in 0 2p orbitals 33 ,13 4,24 3 , a lower intensity of pre-edge peak
indicates a more reduced chemical state and therefore a higher H' concentration. The same
trend was observed in Co L2,3-edge (Figure 9-5(b)). While the spectra at spot 1 matches the
spectrum reported in literature of Co3+ oxidation state2 ", the spectrum at spot 2 is similar
to C02+ with multiple splitting observed in Co L3-edge region24 , which is again an
indication of H+ incorporation. Also, spectra measured at spot 3-6 can be treated as linear
combination of spectra 1 and 2, i.e. a mixed Co3+/Co 2+ oxidation state, which will be
discussed in detail later.
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Figure 9-5 X-ray absorption spectra collected using partial-fluorescence-yield (PFY)
mode on hydrogenated SrCoO2.s thin film by using ion gels. (a-b) 0 K-edge (a) and Co
L-edge (b) spectra measured at different positions of the sample. Numbers 1-6 indicate
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the measurement spots, i.e. 1 is as-grown BM-SCO part, while going from spot 2 to spot
6, the concentration of protons decreases. The shaded part in (a) shows the pre-edge peak
area where appreciable changes were observed. The blue dashed line in (a) and orange
dashed line in (b) indicate the photon energies used for line scans in (d) and (e). The
black dashed line in (b) indicates the maximum intensity position of Co L3-edge in BM-
SCO. (c) The positions of measurement spot 1-6, with estimated overpotential
distribution in the SCO thin film (see Figure 9-1(d)). (d, e) Line scans at fixed photon
energy of 529.4 eV (d, in the range of 0 K-edge pre-edge peak, indicated by the blue
dashed line in (a)) and 779.4 eV (e, in the range of Co L3-edge, indicated by the orange
dashed line in (b)).
We also performed line scans at fixed photon energies where the largest changes of
intensity occur, in order to confirm the gradual changes in the H' concentration. Figure
9-5(d) and (e) showed the line scans at photon energies hv of 529.4 eV and 779.4 eV. The
photon energies are located at 0 K-edge pre-edge peak and Co L3-edge peak, respectively.
As shown in the dashed lines in Figure 9-5(a, b), the intensity at these two energies varied
appreciably from spot 2 to spot 6. Therefore, in Figure 9-5(d, e) we observed linear
variations in the fixed energy line scans, which are direct proof of a formed proton
concentration gradient.
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Figure 9-6 The effect of H' concentration on thermal transport property of SCO. (a) Co
L2,3-edge XAS spectra fitted with linear combinations of spectra measured at spot 1 and
2. The symbols are measured data while the lines are the fittings. (b) Thermal
conductivity (in red symbols) of ion gel hydrogenated SCO measured along the H'
concentration gradient. In the same plot, the relative H' concentrations deduced from
the spectra fitting results in (a) were plotted in square symbols, referenced to the
spectrum measured at spot 2.
As mentioned above, the measured Co L2,3-edge spectra at spot 3~6 showed mixed
C03+/Co2+ oxidation state, therefore can be fitted by using linear combinations of spectra
measured at spot 1 (close to Co3+) and spot 2 (close to Co 2+). We obtained fittings with
reasonable satisfactions, shown in Figure 9-6(a), from which we can deduce the relative
H' concentration at different position of the sample. Note that the relative concentration
does not approximate the actual H' concentration, since full hydrogenation might not be
actually reached (as shown by the 0 K-edge spectra in Figure 9-5(a), the pre-edge peak
was still present at most hydrogenated position). The H+ concentration introduced by the
ion gel gating was lower than that introduced by ionic liquid gating, similar to the case of
the difference in oxygen stoichiometry observed between ion gel and ionic liquid gated
samples (Figure S1). We plot the thermal conductivity obtained from TDTR measurements
and the H' concentration estimated from the spectrum fitting, which is shown in Figure
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9-6(b). In contrast to the role played by oxygen in the BM ->P-SCO transition, the thermal
conductivity decreases with increasing H' concentration. Two effects are responsible for
this decrease: the effect of mass disorder as the H' ions occupy interstitial sites and the
effect of distortion as the oxygen is displaced from its BM equilibrium position when it
bonds with protons234 . As H' is introduced into SCO, the reduction from Co 3+ to C02+ also
introduced the change of cation size of Co, with Co2+ being much larger than Co3+. The
effect of changes of the ionic radius were discussed in our previous work on the
Pro.lCeo.902 5, which found that the lattice distortions due differences in the Pr4 + and Pr3 +
ions were the dominant contribution to a reduced thermal conductivity. Therefore, it is
reasonable to expect a similar effect in H-SCO. Unlike the conventional picture of
substitutional elastic disorder in typical alloys 2 4 6, which shows a minimum of thermal
conductivity between two pure phases, the thermal conductivity between BM-SCO and H-
SCO does not exhibit a minimum, rather it monotonically decreases with increasing H+
concentration. This suggests that a minimum has not been reached, consistent with the fact
that full hydrogenation was probably not reached.
9.3. Conclusion
In summary, we demonstrated the bi-directional and reversible tuning across one order of
magnitude of the thermal conductivity of SCO at room temperature. This large tunable
range was obtained by the accessing the tri-state phases of SCO electrochemically by either
applying a positive bias to insert 02- and trigger a phase transition to P-SCO or a negative
bias to insert H+ to obtain the H-SCO phase. By performing the 02- electrochemical biasing
at 300 0C, we uncovered that at low oxygen stoichiometry, there exists a mixed BM-P SCO
phase where the thermal conductivity is effectively an average property of the two phases.
Once a critical oxygen stoichiometry is reached, the complete BM->P SCO transition
occurs and thermal conductivity increases with increasing oxygen stoichiometry. We also
succeeded in constructing a solid state version of this thermal conductivity manipulation
by using ion gels for triggering the phase transition in SCO. We found that by using ion
gels, a concentration gradient of H* can be induced into SCO thin films, characterized by
using synchrotron-based XAS measurements. The H+ concentration gradient induced
allowed us to correlate the thermal conductivity measured by TDTR and H+ concentration
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measured by XAS. The monotonically decreasing thermal conductivity with increasing H'
concentration suggests that H+ and consequent chemical changes play the role of phonon
scattering sources, but details of exact mechanism remain incomplete. Our larger range of
tuning thermal conductivity in oxides, compared with previous studies in literature,
provides a new pathway of designing functional oxides for applications such as smart
windows 247, thermal management and energy harvesting240.
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Conclusions and Perspectives
10.1. Thesis Summary
This thesis explored the different pathways for tuning the oxygen defect chemistry in order
to design the physical and chemical properties of functional oxides, with focus primarily
on oxides with perovskite structure. Since perovskite oxides have enormous versatility in
chemical compositions, case studies based on model systems were used as an important
methodological approach in this thesis. The different methods to achieve the tuning of
oxygen defect chemistry are summarized in Figure 10-1. Firstly, we showed that the
conventional chemical doping method could be controlled to have a localized effect at only
the near-surface regions. This local surface doping or modification was applied to LSC and
was shown to have a strong effect on the surface reducibility and electrochemical
performance (Chapter 3). Secondly, we achieved the control of oxygen non-stoichiometry
in a large tunable range by applying electrochemical potentials. We showed that this
electrochemical approach could readily trigger the topotactic phase transition in SrCoOx,
probed by in situ XRD (Chapter 4). This approach also allows us to study the electronic
structure as a function of effective PO2 when combined with in operando X-ray
photoelectron and absorption spectroscopy (Chapter 5-7). This novel approach of
electrochemical control of phases of functional oxides helped us to discover the details of
electronic structure evolutions during the BM-P phase transition in SrCoOx, as well as a
new type of metal-insulator transition in VOx achieved by triggering the V02+V20 5 phase
transition. Furthermore, we extend the work on SrCoOx done at elevated temperature (>
300 'C) to room temperature by using ionic liquid and ion gels instead of solid YSZ
electrolyte. Similar electrochemical modulations of defect concentration and
electrochemically induced phase transitions were shown also facile at room temperature.
We found a large tunable range in thermal conductivity spanning over one order of
magnitude introduced by this bi-directional phase transitions (Chapter 9). Lastly, we
showed that strain engineering can used to control defect formation enthalpy, exemplified
by the case study on Nd2NiO4+6 (NNO). Tensile strain along the c-axis of the lattice was
shown to lower the formation enthalpy of oxygen interstitials, leading towards a more
easily oxidized surface of NNO (Chapter 8).
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Figure 10-1 Schematic showing the summary of this thesis, which includes the main
approaches taken for tuning of oxygen defect chemistry of functional oxides.
10.2. Outlook
Although we began with the goal of developing universal methods for precise controlling
oxygen non-stoichiometry of functional oxides, we have to admit that the work described
in this thesis only explored a fraction of this overarching goal. The capability of transferring
the learned knowledge based on the model systems to oxides of a wide range of
compositions and structures is still yet to be validated. Based on the work done in this
thesis, below are several promising future directions that we consider worth pursuing:
- Developing solid electrochemical devices based on oxygen vacancy mechanism that can
function at relatively low temperature. In this thesis, applying electrochemical potential
has been proven to be a powerful approach to alter the physical properties (electronic,
magnetic, catalytic, etc.) determined by the defect concentration. However, the use of solid
oxygen ion conducting electrolyte largely limits the implementation in applications due to
the need of elevated temperatures. The best alternative reported in this thesis might be ion
gels, which are essentially ionic liquid contained in a polymer framework. Nevertheless,
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ion gels still do not fulfill the standards for solid state devices due to the poor mechanical
properties. Therefore, new approaches are needed to design solid state devices that relies
on an active oxide layer, the properties of which can be greatly changed by the amount of
oxygen defects, and an oxygen defect source/sink layer. The work done by Krick et al.248
partially illustrate this trend although the devices in this work still needed moderately high
temperature and suffered from reliability issues. Much work is still needed to enable
feasible oxygen defect manipulation by using strategies such as interfacial effect, lattice
strain effect or new materials systems with lower barriers of oxygen migration and
incorporation. The future studies proposed here might have the similar overarching goal
with the fast pacing research on ionotronics24 9 (i.e. coupling between ionic and electronic
characters). A key question targeting device applications is the speed of such modulation
using ions, which is largely limited by the sluggish of defect formation and migration
processes. Extensive work needs be done in order to improve the switching speed of
ionotronic devices.
- Apply the knowledge of tuning oxygen defect chemistry to the modulation of other ionic
defects. As shown in Figure 10-1, physical properties and functionalities of oxides can also
be strongly impacted by other ionic species such as H' and Li'. Compared with oxygen
defects, the understanding on how these "smaller" cationic species determines the crystal
and electronic structure and physical or chemical properties still needs much more work.
However, these defects with smaller sizes usually have lower migration barriers, meaning
lower operation temperature and potentially faster kinetics or speed in devices. Promising
results on ionotronic devices based on these ions have already been shown232O251
However more work needs to be done to answer some rather fundamental question, e.g.
where do these small ions reside in the oxide lattices, is there any threshold concentration
to trigger phase transitions (as shown in the case of HxVO222 5 ), etc. It would be interesting
to see some of the knowledge or experimental strategies learned in this thesis applied in
order to achieve similar tuning of defect chemistry using these cationic defects.
- In situ/operando spectroscopic measurements with better spatial resolutions. A large part
of the work in this thesis highlighted the power and capability of the in situ/operando X-
ray spectroscopic tools in determining the surface chemistry and electronic structure under
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well controlled environmental or operation conditions. However, one thing that the
spectroscopic tools still lack is enough spatial resolution for probing inhomogeneity of
surfaces induced by certain driving forces (elevated temperature, applied biases, change of
atmosphere, etc.). This can be of particular importance for the studies on surface
segregation of aliovalent dopants (Chapter 3) and metal cation exsolution 49,50, since X-ray
photoelectron or absorption spectra only give an average of the surface chemical
information. Although X-ray photoelectron spectromicroscopic (XPEEM) tools exist in
several synchrotron facilities, and have been successfully used for studying local chemical
changes in devices such as memristors 252, extending this capability to in situ/operando
conditions might still be a daunting task. Nevertheless, with the newly built or upgraded
synchrotron facilities (such as NSLS-II and the future ALS-U), hopefully high spatial
resolutions can also be achieved for in situ/operando spectroscopic tools in the near future.
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Appendix: Extra Details on Experimental Methods and Results
A. Details on experimental methods and extra results for Chapter 3
Film fabrication and additive cation deposition at the surface. Dense Lao.8Sro.2CoO3
films were deposited onto substrates using PLD with a KrF excimer laser of 248 nm
wavelength. The Lao.sSro.2CoO 3 target was purchased from MTI Corp., USA. The films
were deposited at 650 *C under oxygen pressure of 10 mTorr on the single crystalline
Yro.o8Zro.9 2 0 2 (YSZ) (100) substrates (MTI Corp., USA) with a 15 nm thick Gdo.2Ceo.802
interlayer grown at the same conditions as the LSC films. The LSC film thickness was
around 25 nm. After the growth process, the films were cooled down to room temperature
in 2 Torr of oxygen.
To remove excess Sr and to modify the surface with the metal cations, the LSC thin films
were dipped in to aqueous chloride solutions of the corresponding metals. For samples
which were not treated with the metal cations, the excess surface Sr-rich phase formed
during the PLD process was removed by dipping of the films into a 0.1 M HCl aqueous
solution for 10 sec at room temperature. After the chemical treatment the films were
washed with water and isopropanol and dried in the air flow at 260 'C for 1 min.
Surface chemical composition and morphology of the modified LSC films. We
examined the chemical composition and morphology at the surface of the LSC films and
the modified LSC films (LSC-Me) using X-ray photoelectron spectroscopy and atomic
force microscopy (AFM). The XPS core level peak shapes and atomic fractions of Co, La,
and Sr were similar for the as-prepared LSC and LSC-Me films. The LSC-Me films had
also comparable additive cation fraction, defined as Me/(La+Sr+Co+Me) of 12-19% at the
surface. The films treated with chloride solutions of Co, V, Nb, Zr, Ti, Hf, and Al are
denoted as LSC-Col2, LSC-V12, LSC-Nbl9, LSC-Zrl5, LSC-Til5, LSC-Hfl6 and LSC-
All 5, respectively, where the numbers indicate the Me/(La+Sr+Co+Me) ratio at/near the
film surface. The surface morphology of the LSC-Me films in their as-prepared condition
was smooth, identical to that of the dilute HCl-treated LSC. Thus, we hypothesize that the
metal additive is deposited in the form of a thin and smooth wetting layer at room
temperature before further annealing.
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Characterization. A Veeco/Digital Instrument Nanoscope IV was used to perform tapping
mode AFM for characterizing the surface morphology. Ex situ XPS measurements have
been performed to estimate the surface cation composition using a Perkin-Elmer PHI-5500
ESCA Spectrometer with monochromated Al Ka (1486.65 eV) X-ray source under a base
pressure of 10-9 Torr with the emission angle of 200. At this configuration, the
photoelectron inelastic mean free paths (IMPF) for La 3d, Sr 3d, Co 2p, V 2p, Ti 2p, Nb
3d, Zr 2p, and Hf 4d are 0.3 nm, 0.7 nm, 0.3 nm, 0.4 nm, 0.4 nm, 0.6 nm, 0.6 nm, and 0.6
nm, respectively. The quantitative analysis of the XPS spectra was performed using the
Multipack 9.0 software. The XPS experiments at 450-500 'C and at pressure of 10-9 Torr
were performed to observe the reduction features in the Co 2p peak (with a photoelectron
emission angle 90' and an IMFP of -1 nm), using an Omicron DAR 400 Mg/Al dual anode
non-monochromated X-ray source, an Omicron EA 125 hemispherical analyzer and an Al
Ka X-ray source.
EIS measurements were performed on asymmetrical cells with the LSC thin film working
electrodes grown on YSZ single crystal substrates. Dense platinum current collectors in the
form of a grid (25x25 pm2 of open area in every 50x50 gm2 repeat unit in the total 7.3 x7.3
mm2 current collector area) were deposited on the LSC thin films by means of
photolithography and RF sputtering. Porous Ag layer served as the counter electrode.
Platinum wire leads were connected to the current collector and the counter electrode with
the aid of the lab-designed mechanical clip made of Pt-Ir 20% alloy wire (4N purity, ESPI
metals, Ashland OR). Parstat 2273 potentiostat was used to perform the EIS measurements
in the frequency range of 100 kHz to 1 mHz with an AC amplitude of 5 mV and 0 V DC
bias at 530 'C in air during up to 54 hours.
The half cells for electrochemical tests had the LSC or LSC-Me thin films as the working
electrode and the pasted porous Ag as the counter electrode. The EIS data obtained on the
cells were modeled with circuits consisting of two R//CPE (a resistor in parallel to a
constant phase element). The k values were calculated from the surface polarization
resistance (arc in the lower frequency region) data measured by EIS. For selected
compositions, 2-3 samples were tested. Variation of the measured 1 4 values ranged from
+/-10% for bare LSC to +/-40% for LSC-Hf, in part because of the variability in the PLD-
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prepared base LSC films and, in part, because of the different concentrations of additives
that were put at the surface. ZView software was used for the data fitting and analysis.
Surface morphology on the LSC and LSC-Me films Surface morphologies of LSC, and
LSC films threated with Co, V, Ti, Nb, Zr, Hf, and Al chloride solutions were investigated
by force microscopy (AFM). As can be seen from the AFM images below, these surfaces
do not show any special or evident morphological features associated with deposited
cations within the resolution limits. Some difference can be observed for the LSC-V12
sample which was treated with high VCl 3 concentration at 80 *C to be able to deposit the
desired amount of V at the surface, and this resulted in partial etching of the surface and
increased roughness. Based on these AFM observations, we think that the metal additive
is deposited mainly in the form of a thin and smooth wetting layer of metal oxide layer, but
not necessarily a complete monolayer.
400 nm
Figure A- 1 Surface topography characterized by atomic force microscopy on the (a) LSC,
(b) LSC-Col2, (c) LSC-V12, (d) LSC-Til5, (e) LSC-Nbl4, (f) LSC-Zrl5, (j) LSC-Hfl6,
and (k) LSC-Al 15 after the deposition of the metals from the chloride solutions.
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Figure A-2 Surface topography characterized by atomic force microscopy on the (a) LSC,
(b) LSC-Col2, (c) LSC-V12, (d) LSC-Til5, (e) LSC-Nbl4, (f) LSC-Zrl5, () LSC-Hfl6,
and (k) LSC-AI 15 films that were electrochemically tested at 500 'C for 30 hours.
In situ ambient-pressure X-ray photoelectron and absorption spectroscopy (AP-
XPS/XAS). Ambient pressure XPS/XAS measurements at elevated temperatures on
surfaces of LSC and LSC-Me thin films were performed at the Beamline 9.3.2, Advanced
Light Source, Lawrence Berkeley National Laboratory. The LSC thin films were placed on
a ceramic heater, with thermocouples mounted directly onto the surfaces for surface
temperature measurement. The XPS/XAS spectra were collected under the following
conditions of temperature, T, and oxygen pressure, p02: 1. T = 300 'C, PO2 = 0.76 Torr; 2.
T = 450 C, p02 = Ix10-6 Torr; 3. T = 550 C, p02= 1 x10-6 Torr; 4. T = 550'C, p02= 0.76
Torr. At each condition, samples were equilibrated for 30 min before the measurement,
and the XPS and XAS measurements at each condition took about 2-3 hours in total. The
XPS spectra were collected at incident photon energy of 370 eV, with the following order:
a low-resolution survey with binding energy (BE) of 200eV~- 10eV, then high-resolution
scans of Sr 3d, La 4d, Co 2p and VB. The IMFP for the photoelectrons was below 0.8 nm
for all the spectra collected. For each condition, the XAS spectra of 0 K-edge and Co L2,3 -
edge were collected right after the XPS measurement. The 0 K-edge and Co L-edge spectra
were collected with photon energy range of 515-580 eV and 760-810 eV, respectively. The
XAS spectra were collected using partial electron yield (PEY) mode, with electron kinetic
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energy of 275 eV and 589 eV for 0 K-edge and Co L-edge, respectively. This renders
IMFPs of emitted electrons to be -0.7 nm for the 0 K-edge and -1.1 nm for the Co L-edge.
The normalization of XAS spectra was performed using the ATHENA software2 .
Temporal stability of LSC chemical composition during AP-XPS measurements Here
we demonstrate that each data point in Figure 3-2 is not showing any temporal
characteristics. Rather, we show below that each data point represents the equilibrium state
at each condition in our experiments. This can be seen from the figure below, which shows
the photoelectron spectra of La, Sr and Co cations. There are two sets of data shown for
each, one is denoted as "0 h" which we take as our initial condition (but in fact this data is
taken after 30 min of equilibration upon reaching that temperature or pressure), and another
one is denoted as "1.5 h" which is taken 1.5 h after the data shown for "0 h". The complete
overlapping of these two data sets (at Oh and at 1.5 h) demonstrate the fact that the results
shown in Figure 3-2 are not temporal effects but rather dominated by the changes in the
temperature and oxygen pressure.
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Figure A-3 Sr 3d, La 4d and Co 3p photoemissions (measured by APXPS) at (a-c) 450
,C, 10-6 Torrp02 and (e-f) 550 *C, 10-6 Torrp02, collected at 0 h and 1.5 h elapsed times.
The overlapping of two spectra for all three cations means that there is no detectable
change occurring during the 1.5 h duration. Note: the data at "0 h" are actually collected
after 30 minutes of equilibration at the stated condition.
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B. Details on experimental methods for Chapter 4
Brownmillerite phase SrCoO2.5 (BM-SCO) thin films were grown using PLD on 8% yittria
stabilized zirconia (YSZ) substrates with (100) orientation (purchased from MTI Corp.). A
KrF excimer laser with 248nm wavelength was used. In order to prevent possible reaction
between SCO and YSZ, a -8 nm thick 10% gadolinium-doped ceria (GDC) buffer layer
was deposited prior to the SCO deposition. Therefore, the sample structure can be denoted
as SCO/GDC/YSZ. The substrate temperature was kept at 750'C in an oxygen pressure of
20 mTorr. After deposition, the samples were cooled down to room temperature in the
same oxygen pressure in order to prevent possible phase change. A Vecco Nanoscope IV
atomic force microscope (AFM) operated at tapping mode was used to characterize the
surface morphology of SCO thin films. In situ XRD at high temperature under different
oxygen partial pressure was measured using a PANalytical X'Pert X-ray diffractometer
with an Anton Parr HTK 1200N high-temperature oven chamber. Ultra high pure 02 and
N2 were mixed using mass flow controllers with a flow rate of 200 sccm in order to achieve
the desired oxygen partial pressure. The sample was equilibrated for 20 minutes before
starting each measurement.
The electrochemical cell has the structure of SCO/GDC/YSZ/Ag. Ag is the counter
electrode (CE) that was made by applying Ag paste on the back of the YSZ substrate. In
situ high-resolution high-temperature XRD at different electrical biases was measured on
a Bruker D8 Discover X-ray diffractometer using 4-bounce Ge (022) monochromator and
Cu Kal radiation. An Anton Parr DHS 900 heating stage was used to heat the sample.
Electrical feedthroughs made from Pt wires and ceramic sheaths were used to perform the
electrical measurements. These wires were attached to sample top surface and bottom
electrode using a small amount of silver paste. A Keithley 2400 SourceMeter was used to
apply bias while recording current with time, and was controlled using LabVIEW
programs.
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C. Details on experimental methods for Chapter 5
SCO sample fabrication. Brownmillerite phase SrCoO2.5 (BM-SCO) thin films were
fabricated by using PLD on 8% yittria stabilized zirconia (YSZ) substrates with (100)
orientation (MTI Corp.). A KrF excimer laser with 248nm wavelength was used. In order
to prevent possible side reaction between SCO and YSZ, a -8nm 10% gadolinium-doped
ceria (GDC) buffer layer was deposited prior to depositing SCO. The substrate temperature
was kept at 750*C in an oxygen pressure of 20 mTorr. After deposition, we cooled down
the samples to room temperature in the same oxygen atmosphere to prevent possible phase
change. The thickness of SCO thin film was estimated to be roughly 40 nm. Prior to the
SCO deposition, Lao.8Sro.2CoO3 thin film with a thickness of-200nm was deposited at the
backside of YSZ substrates, using the same condition. Therefore, the sample structure can
be denoted as SCO/GDC/YSZ/LSC.
In situ ambient pressure X-ray photoelectron/Absorption Spectroscopy
(APXPS/XAS). In situ XPS/XAS was carried out at Beamline 11.0.2, Advanced Light
Source, Lawrence Berkeley National Laboratory. The SCO thin film sample was placed on
a customized sample holder with a ceramic heater. A piece of Pt foil was placed in between
the heater and SCO sample, in contact with LSC bottom electrode. A thermocouple, along
with a small piece of Au foil, was fixed on sample surface with a ceramic piece and clips,
which served as top electrode. The Au foil was also used for photon energy calibration by
using Au 4f XPS peaks. A Biologic SP-300 potentiostat was used to apply electrochemical
bias and perform chronoamperometry measurement. For XPS measurement, Sr 3d, 0 ls
core level as well as valence band spectra were collected using a photon energy hv of 735eV
while the Co 2p core level peak was measured using hv =985eV. The XAS measurements
were performed using PEY method. The electron kinetic energy windows for Co L-edge
and 0 K-edge XAS were 570+10eV and 435 10eV, respectively. Co-resonant VB spectra
were collected by choosing hv at the maximum intensity in Co L3-edge XAS spectra.
In situ X-ray diffraction (XRD). In situ high-temperature XRD measurements were
performed on a Bruker D8 Discover X-ray diffractometer equipped with a 4-bounce Ge
(022) monochromator. An Anton Parr DHS 900 heating stage was used for sample heating.
Electrical leads made from Pt wires and ceramic sheaths were used for the electrical
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measurements, which are attached to top and bottom electrodes with small amount of silver
paint. The in situ XRD measurements were performed at T = 300 'C, PO2 = 760 mTorr,
which are the same as the conditions for APXPS/XAS.
D. Details on experimental methods and extra results for Chapter 6
VOx thin film growth. Epitaxial V0 2 thin films were grown on single crystal (001) YSZ
substrates using pulsed laser epitaxy (PLE). PLE growth of V0 2 films was conducted at
450 'C and 7 mTorr of oxygen. The laser fluence and repetition rate were fixed at I J/cm 2
and 10 Hz, respectively. In order to ensure the correct oxygen stoichiometry, as-grown V02
thin films were cooled to 300 'C and annealed for 10 minutes under an oxygen partial
pressure of 100 Torr. Prior to V0 2 deposition, platinum (Pt) counter electrodes were
painted on one side of the YSZ and treated at 900 'C in air for 1 hour. The YSZ substrate
was fixed to the PLE substrate holder using a small amount of silver paint for thermal
contact.
Ambient pressure X-ray photoelectron and Absorption Spectroscopy (AP-XPS/XAS).
AP-XPS/XAS was carried out at Beamline 11.0.2, Advanced Light Source, Lawrence
Berkeley National Laboratory. The V0 2 thin film sample was placed on a customized
sample holder with a button ceramic heater. A piece of Pt foil was placed in between the
heater and V0 2 thin film sample, contacting the Pt counter electrode. K-type
thermocouples were fixed on the sample surface with a ceramic piece and clips, also
holding a small piece of Au foil, which served as top electrode. A Biologic SP-300
potentiostat was used to apply electrochemical bias and perform chronoamperometric
measurements. For XPS measurements, V 2p and 0 Is core levels, as well as valence band
spectra, were collected using a photon energy hv of 735 eV. The estimated inelastic mean
free path (IMFP) is ~0.8 nm. The XAS measurements were performed using the partial
electron yield (PEY) method. The electron kinetic energy window for V L2,3-edge and 0
K-edge XAS was 350 20 eV. We estimate the probing depth of the PEY-XAS to be
comparable or lower than the mean probing depth of total-electron-yield (TEY) XAS
reported in the literature, which is ~2 nm. Care has been taken to minimize possible beam
damage. The photon shutter was kept closed between measurements, while the sample was
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always moved to a new area before each measurement. Under this condition, we did not
observe any noticeable beam damage within the timespan of the measurements.
Mitigation of beam damage on VOx thin film Due to the bright X-ray beam from the
undulator beamline 11.0.2 at ALS, the effect of beam damage can be readily observed on
the VOx surface during measurement. The figure below shows the 0 Is and V 2p X-ray
photoelectron spectra (XPS) as a function of time. Large slit openings resulted in obvious
beam damage, leading to the change in V 2P312 peak shape as a function of X-ray exposure
time. In order to mitigate this beam damage effect, we closed down the slits to 50 pm
(dispersive) x 15 pm (non-dispersive), which resulted a minimal effect on the XPS peak
shapes. All the results discussed in the main text were collected by using these smaller slit
openings in order to rule out any beam damage contributions to the XPS and XAS data.
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Figure D-1 Beam damage effect and its mitigation. 0 Is and V 2p XPS spectra were
recorded as a function of time with slit openings of (a) 200 pm (dispersive) x 60 gm
(non-dispersive) and (b) 50 pm (dispersive) x 15 pm (non-dispersive). The data
acquisition of each spectrum -5 minutes.
Ambient-pressure X-ray absorption spectrum of VOx thin film under open-circuit
condition In the main text, we showed that the VOx thin film sample can be readily
switched between V0 2 and V 205 phases, depending on the electrical bias applied, while
the two VOx phases (either V0 2 or V 20 5 ) were shown to be meta-stable under open circuit
potential (OCP) conditions. The figure below show that the initial phase of VOx was V02
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when the sample was held at T= 300 *C,pO2= 200 mTorr at open circuit, prior to any bias
application. Only when an electrical bias of 0 V, i.e. by short circuiting the top VOx
electrode and bottom Pt electrode, the phase of VOx changed to V205. The explanation for
this observation is that the V205 is the actual equilibrium phase under this oxygen activity,
T = 300 C, PO2 = 200 mTorr. However, due to the very slow surface oxygen exchange
kinetics of VOx, the phase transition of V02->V205 cannot be completed within the finite
duration of the AP-XAS measurement without the OV bias application. On the other hand,
applying electrical bias is a far more effective and faster way of changing oxygen
stoichiometry in VOx enabling the rapid switching between the different phases of VOx.
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Figure D-2 V L2,3-edge and 0 K-edge X-ray absorption spectra of VOx sample at T =
300 *C, PO2= 200 mTorr under two different conditions, i.e. under open circuit potential
(OCP, shown in blue) and under 0 V electrochemical potential (short-circuited, shown
in green).
Surface chemical state of VOx probed by AP-XPS We performed AP-XPS to provide
the surface chemical states of VOx. The inelastic mean free path (IMFP) of the V 2p and 0
Is photoelectrons collected by AP-XPS was 0.8 nm at a kinetic energy (KE) of -220 eV.
Considering that the V02 thin film is (010)-oriented with a lattice spacing of 4.52 A, this
means 63% of the signal was from the top -2 lattice planes. The change in the V 2p
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spectrum as a function of applied bias is shown in Figure D-3. Each V 2 p312 peak was fitted
by using two peaks with binding energy separation of 1.4 eV, based on the relative
positions for the V"* and V4" chemical states reported in the literature. There was also a
noticeable peak shift for both the 0 Is and V 2p peaks, however, it is difficult to pin-point
the source of these energy shifts, since multiple factors, including change in Fermi level,
surface band bending, and in-plane voltage loss, can all contribute to the energy shift.
Nevertheless, even when the bulk phase was V0 2 under a high cathodic bias of -2 V, the
high binding energy peak, i.e. V51, still remained at the surface. This implies that the
surface of the VOx thin film is over-oxidized, i.e. the average oxidation state of V at the
surface of V02 is higher than that of bulk (i.e. V4').
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Figure D-3 X-ray photoelectron spectra of 0 ls and V 2p (a), and the zoomed-in region
of the V 2p3/2 spectra, as a function of applied electrical bias at T = 300 0C, pO2 = 200
mTorr. The arrow on the right indicates the progression of biasing from positive to
negative electrical bias (more reducing). The V 2p3/2spectra were fitted with two peaks,
corresponding to V5* and V4*, with binding energy separation of 1.4 eV.
Ionic liquid (IL) gating. Ionic liquid (IL) 1 -hexyl-3-
methylimidazoliumbis(trifluoromethylsulfonyl)-imide (HMIM-TFSI) was used as an
oxygen ion conducting electrolyte at room temperature. An electrical bias was applied
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between the VO, and the gate electrode for -30 minutes until the measured current
stabilized. Then the IL was removed and the VO, sample was thoroughly rinsed with
isopropanol and acetone. A lab source XPS (PHI-5500 ESCA Spectrometer with
monochromated Al Ka (1486.65 eV) X-ray radiation, equipped with charge neutralization)
was used to monitor the chemical state of vanadium before and after IL gating.
E. Details on experimental methods for Chapter 7
Solid state electrochemical cell fabrication. (100)-oriented single crystal 8% yttria-
stabilized zirconia (YSZ, MTI Corp., USA) was used as substrates for fabrication of
(Pr,Ce)02-s electrochemical cell. Pt paste (SPI Supplies, USA) and
(Lao. 6Sro.4)o.95Coo.2Feo.8 0 3 (LSCF) paste (Fuel Cell Materials, USA) was mixed and applied
onto the backside of YSZ substrates, then annealed at 800 'C in air for 2 hours. The resulted
porous Pt/LSCF served as the counter electrode of the cell. Patterned Pt dense interdigitated
electrodes with spacing of 20 pm were fabricated on the polished side of YSZ substrates
as current collectors. A Pro.iCeo.902 (PCO) thin film was deposited onto Pt/YSZ by PLD
with the aid of a KrF excimer laser operating at a wavelength of 248 nm . The substrate
temperature and oxygen pressure during deposition were 750 'C and 10 mTorr,
respectively.
In operando ambient pressure X-ray photoelectron and Absorption Spectroscopy
(AP-XPS/XAS). In operando AP-XPS/XAS was carried out at Beamline 23-ID-2 (CSX-
2), National Synchrotron Light Source II, Brookhaven National Laboratory. The PCO
electrochemical cell was placed on a sample holder equipped with a ceramic heater. The
Pt/LSCF counter electrode was grounded to the electron spectrometer with a piece of Pt
foil. The Pt current collected was in contact with K-type thermocouples by also using a
piece of Pt foil, which served as the top electrode. A PARSTAT 4000A (Princeton Applied
Research, USA) potentiostat was used to apply an electrochemical bias to the
electrochemical cell. The AP-XAS measurements were performed using the PEY method.
A electron kinetic energy window of around 40 eV centered at 280 eV was used for
measuring Pr M4,5-edge XAS. For resonant photoelectron spectroscopy (RESPES), the
valence band XPS spectra were measured by choosing photon energies both below the Pr
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M5-edge (hv = 920 eV) and at the Pr M5-edge XAS peaks corresponding to Pr3 ' (hv = 931.3
eV) and Pr4+ (hv = 932.6 eV). The photon energies were calibrated by collecting Pt 4fXPS
spectra.
Surface cation stoichiometry of PCO thin films The figure below shows the surface
cation stoichiometry quantified from XPS spectra intensities. It can be seen that Pr
concentration was around 12%, which was slightly higher than the nominal bulk value
10%. Pr concentration did not change under different applied biases (within the error bars).
The slightly higher Pr concentration might be from the pulsed laser deposition process
which could introduce certain amount of off-stoichiometry of the surfaces.
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Figure E-I Quantified Pr cation concentration under three different conditions. The
averaged Pr concentration is ~12%, which is slightly higher than the nominal 10% bulk
value.
Pr M4,s-edge X-ray absorption spectra simulated by using CTM4XAS package We
simulated Pr M4,5-edge X-ray absorption spectra with both 3+ and 4+ oxidation states by
using CTM4XAS package2 54 . The simulated spectra partially capture the main features of
the two different oxidation states, which again confirms the assignment of the oxidation
states to data collected at the two extreme biases ( 0.5 V).
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Figure E-2 X-ray absorption spectra under 0.5 V collected in operando (denoted as exp.)
and simulated using CTM4XAS package (denoted as sim.)
F. Details on experimental methods and extra results for Chapter 8
Pulsed laser deposition of Nd2NiO4+8 thin films and fabrication of electrochemical
cells. We used PLD to grow stained NNO thin film. A KrF excimer laser with 248 nm
wavelength was used. The growth temperature and oxygen pressure in chamber was fixed
at 650 'C and 20 mTorr. YSZ substrates with (110) and (111) orientations (MTI Corp.,
USA) were selected to introduce different strain state and used as solid electrolyte to apply
electrochemical bias. The film thicknesses were roughly 20 nm determined by X-ray
reflectivity measurements. Before NNO deposition, a thin layer of -100 nm Lao.8Sro.2CoO3
(LSC) was deposited to the backside of the YSZ substrates using the same condition, which
served as the counter electrode of electrochemical cells. After NNO deposition, Pt top
electrode with an opening of -2x2 nm was sputtered on the surfaces of NNO for current
collecting.
Ambient pressure X-ray absorption spectroscopy. Ambient pressure X-ray absorption
spectroscopy (AP-XAS) was performed at BLl 1.0.2, Advanced Light Source (ALS),
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Lawrence Berkeley National Laboratory (LBNL). A customized sample holder with a
ceramic button heater was used, with a piece of Pt foil in contact with the LSC counter
electrode of the NNO electrochemical cell. A piece of Au foil was in contact with the Pt
top electrode, along with a K-type thermocouple held by a small piece of ceramic spacer.
A Biologic SP-300 potentiostat was used to apply biases between the top NNO electrode
and LSC counter electrode. The XAS spectra were collected in PEY mode with kinetic
energy window of 380 15 eV and 335+15 eV for Ni L-edge and 0 K-edge, respectively.
Quantifying the Ni3' fraction by using reference spectrum under reducing conditions
Figure below shows the procedure we adapted for quantifying the Ni 3+ fraction from
ambient-pressure X-ray absorption spectra (XAS). In order to have a reference spectrum
of mainly Ni2+ oxidation state, we measured XAS on NNO sample under a reducing
condition (T = 450 0C, P0 2 = 2.89x 10-23 atm). The defect chemistry data in literature
showed that the non-stoichiometry 6 in NNO approaches zero at this PO2, therefore can be
used to get the spectral contribution from Ni2+ oxidation state. We fit the reference
spectrum by using convolution of several peaks with Voigt profile, and then the spectra
measured in oxygen atmosphere were subject to the subtraction of this obtained Ni 2 +
contribution.
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Figure F-I (a) Ni L2,3-edge X-ray absorption spectrum measured under the condition of
T = 450 *C, pCO = 20 mTorr, pCO2 = 480 mTorr (calculated PO2 = 2.89x10-23 atm).
The blue line shows the fitting of the spectrum by using linear combination of four peaks
with Voigt profile. (b) Example showing the deconvolution of the spectral contributions
from Ni3 ' and Ni 2+ oxidation states. The green data points are several spectra collected
under different applied biases, with red line being the reference spectrum from (a), i.e.
Ni2+ contribution. The blue lines are the spectra after subtracting the Ni2 + contribution,
which are then used to quantify the contribution from Ni3+ oxidations state.
G. Details on experimental methods for Chapter 9
Pulsed laser deposition of SrCoOx thin films. Brownmillerite phase SrCoO2.5 (SCO) thin
films (-44 nm thick) were deposited onto yittria-stablized zirconia (YSZ) substrates by
using PLD. A -10 nm thick gadolinia-doped ceria (GDC) interlayer were deposited before
the SCO deposition. A 248 nm KrF excimer laser was used for PLD. The deposition
temperature and PO2 were 700 *C and 20 mTorr, respectively. The thin films were allowed
to cool down to room temperature in the same PO2 with a rate of 10 'C/min.
Ionic liquid and ion gel gating. Ionic liquid gating was done by using 1-hexyl-3-
methylimidazolium bis(trifluormethylsulfonyl)imide (HMIM-TFSI) as the gating
electrolyte (Sigma-Aldrich, USA). The ionic liquid was used as received. A Pt wire was
spring loaded to be in contact either directly with the SrCoOx thin film surface (for
oxidation) or with silver painted electrode (for hydrogenation). The silver electrode was
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used for hydrogenation primarily to ensure enough electrical conductivity, since the formed
H-SrCoOx has very low conductivity. The samples were immersed in ionic liquid with a
wound Pt wire as counter electrode. A PARSTAT 4000 (Princeton Applied Research,
USA) was used to apply biases between sample and the Pt counter electrode.
Ion gels were fabricated following the methods reported by Lee et al. 226 HMIM-TFSI and
poly(vinylidene fluoride-co-hexafluoropropylene) (denoted as P(VDF-HFP)) were
dissolved in acetone, and the resulted solution was solvent casted into gel films. The
fabricated ion gels were cut and stick to SCO thin films. Au foil were used as electrode on
top of the ion gels to apply a bias against the SCO samples.
Soft X-ray absorption spectroscopy. Soft X-ray absorption spectroscopy (XAS)
measurements were performed at the IO-XAS endstation of CSX-2 (23-ID-2) beamline at
National Synchrotron Light Source II. The XAS data were collected at room temperature
in ultra high vacuum condition (10- 9 Torr) using partial fluorescence yield (PFY) mode.
Structural and chemical characterizations on perovskite SrCoO3-,5 As mentioned in the
main text, we triggered the brownmillerite to perovskite (BM->P) phase transition in
SrCoOx (SCO) by either ionic liquid (denoted as liq.) or ion gel (denoted as gel) gating.
We observed a difference in oxygen non-stoichiometry between P-SCO (liq.) and P-SCO
(gel), characterized by X-ray diffraction (XRD) and X-ray absorption spectroscopy (XAS),
as shown in the figure below. In the XRD data, P-SCO (gel) showed a larger out-of-plane
lattice parameter, which indicates more chemical expansion induced by a higher oxygen
vacancy concentration. This interpretation is consistent with the XAS results. The Co L3 -
edge peak position of P-SCO (gel) is at lower photon energy position compared with that
of P-SCO (liq.), indicating a lower Co oxidation state. In the meantime, the 0 K-edge pre-
edge peak of P-SCO (gel) also showed a lower intensity, which means lower concentration
of ligand holes. These both indicates a lower hole concentration in P-SCO (gel) induced
by a higher oxygen vacancy concentration.
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Figure G-1 (a) X-ray diffraction data showing the P-SCO (002) diffraction peak of P-
SCO obtained by using either ion gels (denoted as gel) or ionic liquid (denoted as liq.)
gating. The diffraction peak at lower 20 angle in the data of P-SCO (gel) was due to the
part that was not covered with ion gels and thus not switched to P-SCO. (b, c) X-ray
absorption spectra of Co L2,3-edge (b) and 0 K-edge (c) measured on P-SCO (gel) and
P-SCO (liq.).
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